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Abstract 
The material properties of tungsten are described in a long list of extremes. It has an 
extraordinarily high strength, density, stiffness, thermal conductivity, and melting-point. 
This remarkable combination of properties allows tungsten to push the envelope of 
possibilities in the fields of energy, aerospace and defense. Within the defense industry, 
there is a considerable effort to take advantage of these properties in ballistic 
applications. The high strength and density of tungsten make it particularly suitable for 
anti-armor, kinetic energy penetrator munitions.  
The key performance metrics for a kinetic energy penetrator are the ability to withstand 
the harsh conditions of launch, and efficiently perforate heavily armored targets.  
However, these basic requirements are actually at odds with each other.  An ideal 
material shows highly stable plasticity during launch, while plastic instabilities, in the 
form of shear banding, improve ballistic efficiencies down range (i.e. terminal ballistics). 
Unfortunately, commercial tungsten tends to perform poorly in both instances.  The 
strong tensile loads experienced during launch generally result in brittle failures, while 
tungsten actually shows a high degree of plastic stability under the pressures and strain 
rates of terminal ballistics. By contrast, ultrafine-grained tungsten (100-1000 nm) has 
shown significant promise for achieving ductility or strain localization based on the novel 
microstructures enabled by the processing conditions; however, the specific mechanisms 
of these disparate behaviors remain unclear.  
The goal of this study was to investigate the conditions for stable plastic flow, brittle 
fracture, and strain localization in sintered ultrafine-grained tungsten, and tungsten alloys, 
iii 
for the purpose of improving performance in ordnance applications. In particular, the 
mechanisms of plastic instability and strain localization were investigated to control the 
initiation of shear bands. Powder metallurgical processing and alloy development were 
effective in mediating issues related to plasticity. Mechanical testing was performed to 
understand the initiation and development of shear bands during deformation. Finally, 
these ultrafine-grained materials were characterized extensively in order to identify the 
mechanisms of deformation.  
Over the course of this research, it was discovered that commonly accepted models of 
strain localization in ultrafine grained metals were unsuccessful in describing the physical 
processes that lead to shear banding in these materials.  In particular, it was determined 
that strain softening mechanisms, based on texture and temperature, were insufficient for 
describing the initiation of shear bands in ultrafine grained metals.  However, these 
instabilities can be described based on traditional concepts of dislocation mediated 
plasticity, as long as the relationships between grain size, dislocation density, and 
deformation are accounted for properly.  These discoveries have significant implications 
for the viability of tungsten in ballistic applications, and extreme engineering 
environments in general. 
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CHAPTER 1. INTRODUCTION 
Tungsten is stubborn, intractable and unaccommodating. It tends to be brittle, difficult to 
form and machine, and it is nearly impossible to cast [1]. Tungsten is the most refractory 
of all metals.  
The word refractory actually stems from the word meaning obstinate, or resistant to 
change [2]. Although the current scientific consensus of refractory is only based on 
melting point [3, 4], the colloquial definition provides a fair understanding of this 
material. Tungsten is thermally refractory; it has a low coefficient of thermal expansion, 
and a melting point in excess of 3400 °C, the highest of any metal. Tungsten is 
mechanically refractory, demonstrating an extremely high tensile strength, hardness, wear 
resistance, and elastic modulus compared to other metals [5]. Tungsten is even refractory 
in a chemical sense, having a very high cohesive energy [5] and being resistant to attack 
by most acids [6]. Tungsten is the epitome of refractory, which is exactly what makes it 
so appealing for extreme engineering environments.  
The unaccommodating nature of this material is particularly apparent in terms of 
plasticity. Tungsten tends to be brittle at room temperature [7, 8], and is highly sensitive 
to notches, and pre-existing defects [8-10]. Materials science has been working to address 
these issues for at least a century [11]; however, the plastic properties of tungsten are not 
just refractory, they are perplexing. 
In general, the basic material processes that reduce ductility in other materials tend to 
improve ductility in tungsten. Sintered tungsten is brittle at room temperature, but cold 
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working (deforming extensively below the recrystallization temperature) actually 
increases the ductility [12, 13]. In fact, extreme deformation (i.e. wire drawing, and sheet 
rolling) is one of the few methods to make tungsten ductile at room temperature. 
Furthermore, annealing the heavily deformed microstructure actually reduces ductility 
[14-16]. Alloying with another highly refractory metal, rhenium, leads to great 
improvements in ductility [17]. Solid solutions tend to harden materials by impeding 
dislocation mobility, but rhenium additions actually lead to softening [18-21]. Tungsten 
does not even follow the basic rules that materials science has outlined to describe how a 
material should deform (i.e. Schmid’s law) [22-24]. 
Although the plastic behavior of tungsten is often confusing, and counterintuitive, the 
behavior can be explained based on the crystal structure, and dislocation processes that 
control plasticity. With few notable exceptions, the plastic behavior of all metals is 
effectively mediated by dislocation activity that allows for deformation at stresses that are 
orders of magnitude below the theoretical yield strength [25]. In body centered cubic 
(BCC) metals, dislocation mobility is highly sensitive to temperature [26, 27]. Therefore, 
a brittle to ductile transition temperature (BDTT) is commonly observed for materials 
with this crystal structure, and other crystal structures that exhibit a strong temperature 
dependence on dislocation mobility [28, 29]. Reducing the BDTT may be accomplished 
by improving dislocation mobility, by alloying [18, 21, 30] or modifying the 
microstructure [31]. 
Length scales also play a critical role in the ductility of tungsten, as a polycrystalline 
sample will show brittle behavior at room temperature, but carefully prepared single 
crystals exhibit significant ductility [32], and even necking at temperatures below -196°C 
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[33]. Ductility is also observed at the opposite end of the length-scale spectrum. 
Microstructural modifications that reduce grain size to the ultrafine-grained (ufg) regime, 
with a grain size less than 1 µm have been shown to improve the fracture resistance, and 
reduce the BDTT of tungsten [34, 35]. This presents another confusing situation, because 
other research has shown that severe microstructural refinement (smaller than ~400 nm) 
makes the material more susceptible to plastic instabilities [36, 37]. These instabilities 
effectively limit ductility by localizing strain, which can lead to the formation of shear 
bands. 
These plasticity phenomena play an important role in several extreme engineering 
environments, specifically in the energy [38, 39], aerospace [40, 41], and manufacturing 
[42, 43] sectors, where strain localization could result in dangerous, catastrophic failures. 
In ballistic applications, the same considerations apply during launch of a tungsten 
projectile; however, strain localization has been shown to improve penetration 
performance during target interactions [44, 45]. Although this research has implications 
for improving the ductility of tungsten in general, there is particular focus on 
understanding plastic instabilities in tungsten to make it more suitable for anti-armor, 
kinetic energy penetrator applications. 
1.1. Significance of the problem  
Kinetic energy munitions are designed to perforate heavy armor by imparting large 
amounts of kinetic energy into a very narrow region of the target. These munitions are 
typically built in a “long-rod” geometry, with length to diameter ratios greater than 10:1 
in order to minimize the volume of interaction with the target. At a given projectile 
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velocity, the key performance metrics for imparting the maximum kinetic energy on a 
target are strength, and density, where depleted uranium (DU) and tungsten alloys 
outperform other engineering materials [44]. Although these two alloy classes exhibit 
similar strengths and densities, DU alloys tend to strain localize, based on adiabatic shear 
banding mechanisms, during penetrator-target interactions [46]. Shear banding results in 
deeper and narrower penetration channels, effectively creating a performance gap 
between DU and tungsten-based alloys. However, there are concerns regarding health 
effects associated with DU munitions [47].  
Density constraints effectively limit the number of viable materials for this application. 
This puts the problem squarely in the field of materials science, where the processing-
microstructure-property-performance paradigm may be utilized to modify deformation 
behavior without relying on significant changes to composition. To this end, there have 
been a variety of microstructure-based methods utilized to improve the penetration 
performance of tungsten-based penetrators based on modification, including: highly 
oriented columnar microstructures [48, 49], single crystals [50, 51], bulk metallic glass 
composites [52], and ufg metals [37, 53-57]. Unfortunately, there still remains a 
significant performance gap between tungsten and DU alloys [58].  
In recent years, several advanced processing methods that have been developed to 
manufacture these ufg metals [59-65]. There have been several examples where ufg 
tungsten demonstrates strain localization [36, 37, 53, 66-68], effectively narrowing the 
gap between DU and tungsten based munitions. Despite these significant advancements, 
there are still many unanswered questions regarding the mechanisms of strain localization 
in tungsten and BCC metals in general.  
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Understanding the mechanics of strain localization in ufg metals holds significant 
promise for improving the ballistic properties of tungsten-based materials. An accurate 
description of what initiates localization will help to design new materials that will close 
the performance gap between DU and tungsten. Furthermore, this knowledge may help to 
improve the low temperature ductility of BCC metals in general and help to describe the 
effective limits to the useful application of grain refinement for ufg metals. The 
implications for microstructural length-scales, and their influence on strain localization 
and other plasticity phenomena has drastic implications for developing new materials to 
improve our capabilities in a variety of extreme and demanding engineering 
environments.  
1.2. Problem statement and research hypotheses 
Shear banding describes a very general phenomenon where strains localized into intense 
planar regions of shear, often resulting in catastrophic failure [69]. Although the physical 
causes of this plastic instability can vary, localization occurs when local hardening is not 
sufficient to distribute strains throughout a body. While there have been several 
mechanisms for strain localization that have been described for ufg metals, shear banding 
mechanisms and terminologies are often incorrectly applied and/or do not adequately 
describe the physical impetus for strain localization. The two most commonly cited 
mechanisms of shear band formation in ufg metals are: (1) adiabatic shear banding, and 
(2) geometric shear banding. Each of these mechanisms has significant merit in 
predicting the phenomenological response of tungsten when it is deformed at (1) dynamic 
rates, or (2) ultrafine grain sizes. However, these have specific shortcomings in 
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adequately describing shear banding that is observed in ultrafine microstructures at quasi-
static rates. 
Adiabatic shear banding is an established mechanism that accounts for strain-induced 
softening that develops based on the thermoviscoplastic response of a material. Thermal 
effects become particularly important at high strain rates, when there is not sufficient 
time to conduct the heat associated with plasticity away from the area of deformation 
(hence the term adiabatic) [70]. The susceptibility of materials mechanism provides a 
description of the time-scale of mechanical testing methods and the thermoplastic 
response of a material. These features are useful for describing the dynamic behavior of 
materials, but are not effective for describing the initiation of shear bands in ufg metals, 
which occurs at quasi-static rates.  
Geometric shear banding provides a plausible mechanism for shear banding in ufg 
materials, which accounts for localization at quasi-static rates. In the most general sense, 
geometric shear bands are the result of softening that is induced by local reorientation and 
texture development. A specific model, developed by Joshi and Ramesh [71-73], has 
shown promise for predicting localization in ufg metals. However, the underlying 
mechanisms for this model have not been tested adequately, and cannot account for many 
of the features of strain localization observed in ufg tungsten. 
Adiabatic and geometric effects will certainly influence the structure and the propagation 
of shear bands in all materials. However, these mechanisms do not describe the specific 
features that initiate the plastic instability of ufg materials, and ultimately result in shear 
band formation. Furthermore, these models do not generally account for the importance 
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of dislocation activity in accommodating plastic flow, and mediating plastic instabilities. 
The role of dislocations is particularly important for describing the development of 
textures, which have a significant influence on the mechanical behavior of these materials 
even at ultrafine grain sizes. In light of these limitations in existing shear banding 
theories, an alternative description for shear band formation in ufg metals has been 
developed. This model is based on the concept of strain gradient plasticity (SGP), 
originally established by Ashby to understand the increased hardening behavior that is 
observed based on non-homogeneous plasticity [74]. The basic premise relies on a 
general relation between confined plasticity, lattice curvatures, and dislocation storage; 
this combination implies a natural length-scale to the deformation behavior of materials 
that is not captured by traditional mechanics. These intrinsic length-scales provide an 
improved explanation of several phenomena that are associated with dislocation-
mediated plasticity, and they can also provide guidance on the deformation behavior and 
failure of ufg metals. A simple mathematical description of strain gradient plasticity is 
shown in Equations (1) and (2). 
 ∝  (1) 
 ∝  (2) 
which show that (1) the curvature of the lattice ( ) is directly proportional to the density 
of geometrically necessary dislocations ( ), and (2) this dislocation content may also be 
predicted based on the shear strain ( ), and a length scale parameter ( ). The first 
relation creates an interesting opportunity to account for dislocations stored in the lattice 
based on modern techniques in orientation imaging microscopy. The second relation 
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provides insight into the enhanced dislocation activity that is required according to the 
geometrical confinement of grain boundaries. It is the author’s hope that a more thorough 
understanding of dislocations, and the role that they play in describing plastic instabilities 
will result in a more comprehensive description of strain localization and shear banding 
in ufg metals. 
Tungsten serves as an ideal material to test the specific characteristics of SGP theory. 
First, tungsten is an excellent material for dislocation analysis, having a high elastic 
modulus and the highest melting point of any metal means it should have a stable 
dislocation structure that is less susceptible to changes during sample preparation. 
Second, the high density and large atomic number of tungsten results in a short extinction 
distance for electrons that are used to interrogate structure by scanning and transmission 
electron microscopy methods. Although this is a detriment for transmission electron 
microscopy, requiring very thin samples (~40nm) in order to allow for electron 
transparency at conventional imaging acceleration voltages (200 kV), it actually 
improves the resolution of EBSD orientation measurements by limiting the beam 
interaction volumes for a given spot size and acceleration voltage. This is particularly 
critical when performing EBSD on heavily deformed microstructures, as it allows for less 
distortion and improved image quality for Kikuchi patterns. Additionally, the high 
melting point, and high thermal conductivity of tungsten [6] help to distinguish non-
adiabatic causes of shear band formation. Furthermore, the well-studied plastic behavior 
of tungsten [24, 75, 76] provides an ideal candidate to test the influence of grain rotation 
mechanisms that are critical to the Joshi and Ramesh model for geometric shear banding 
[71-73].  
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Ultrafine and nano-grained metals are providing new frontiers in materials science [77]. 
Advanced processing technologies have enabled the production of bulk structural 
materials with extremely fine microstructural length scales, resulting in incredibly high 
strengths. In tungsten-based alloys, grain refinement has also shown promise for 
improving ductility and fracture toughness, which may create new opportunities for 
utilizing this refractory metal in extreme engineering environments.  
The plastic instability and strain localization behavior of ufg metals is a critical issue that 
has been studied for decades. Although several models have been developed to 
understand the material parameters that lead to strain localization, many of these models 
are not founded on the physical observations of dislocation-mediated plasticity. The 
theory of SGP provides a reasonable framework to understand the influence of grain size 
in terms of a microstructural confinement on the plastic behavior of metals. This theory 
provides a robust method, both for predicting [78], and experimentally verifying [79-81] 
the quantity of dislocations that are geometrically necessary for deformation. The details 
of this theory may help to elucidate the effects of grain size on plastic instabilities, and 
provide insight on the methods that can be used to induce, or prevent failures associated 
with strain localization. 
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CHAPTER 2. BACKGROUND 
The unique and refractory properties of tungsten are already suited for use in a variety of 
extreme engineering environments. However, it has been shown that the exceptional 
strength of tungsten may be further improved by refining the grain size into the ufg 
regime. Furthermore, recent studies have also shown that reducing the grain size also 
reduces the brittle to ductile transition temperature [31, 82], which is critical for a number 
of applications. These results raise a question regarding the limits of grain size refinement 
for promoting ductility. Bulk ufg metals have also demonstrated a propensity for plastic 
instability in the form of shear bands, especially as the grain size is pushed toward the 
nanocrystalline regime [36, 68, 83, 84]. The viability of tungsten as a structural material 
for extreme environments depends on understanding and describing these transitions to 
unstable plastic behavior. This is particularly true for structural applications, where stable 
plastic deformation can provide an additional factor of safety in the design of heat shields 
of nuclear reactors and hypersonic vehicles. However, this research will focus on a 
unique case where plastic instabilities and shear band formation help to improve the 
performance of tungsten alloys in anti-armor ballistic applications.  
2.1. Ballistic environment of kinetic energy penetrators 
Kinetic energy munitions provide a powerful and economical means for destroying 
heavily armored targets on the battlefield. These munitions are gun launched, line of sight 
projectiles that impart an overwhelming amount of kinetic energy (>10 MJ for large 
caliber projectiles) into a small region of the armored target. Although the concept is 
simple, these projectiles are highly effective and reliable on the battlefield. Kinetic 
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energy projectiles operate in a ballistic environment with extreme conditions of stress, 
temperature, strain and strain-rate during launch and especially during target interactions 
[85, 86]. The materials used in these applications must have exceptional material 
properties in order to: (1) withstand gun launch and (2) effectively penetrate armor 
targets [87]. The specific material properties that influence these performance metrics 
are: density, strength, and plastic behavior (both at high strain rates and under quasi-static 
conditions). Unfortunately, the material requirements related to plasticity, are at odds 
during different times of the ballistic event. For internal ballistics (i.e. during gun-
launch), plastic stability is essential for surviving the loads imposed during launch. In 
terminal ballistics (i.e. projectile-target interaction), plastic instabilities promote efficient 
penetration mechanisms. 
The underlying concept of a kinetic energy projectile is fairly simple; efficient 
perforation of armor occurs by maximizing the kinetic energy density during penetrator-
target interactions. In a simple formulation, this occurs by maximizing the overall kinetic 
energy of the projectile and minimizing the volume of interaction with the target. The 
total kinetic energy ( ) of a projectile may be described as a function of mass ) and 
velocity ( ), but the launch system and flight dynamics effectively limit the volume ( ), 
geometry and maximum velocity that can be achieved for a given projectile in a 
particular gun system. The only remaining criterion for increasing the kinetic energy of a 
projectile is to maximize the density ( ) of the projectile as described by Equation 3. 
 = =  (3) 
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The volume of interaction is predominantly controlled by the geometry of the projectile. 
A “long rod” projectile configuration, described by a high length to diameter aspect ratio 
( / ), is designed to minimize target interaction and maximize the depth of penetration. 
The length of a kinetic energy penetrator is commonly designed to be 10-30 times the 
diameter of the projectile. Increasing the L/D can help to improve the penetration 
performance considerably, but there are limitations imposed by launch dynamics and 
flight stability. With these geometric limitations in place, much of the materials selection 
criteria for reduced interaction volume are based on the overall strength of the penetrator 
and the plastic flow mechanisms at high strain rates. 
2.1.1. Internal ballistics (gun launch) 
Penetration mechanics are not the only deciding factor in developing kinetic energy 
projectiles; it is also necessary for a material to survive the extreme conditions of the gun 
system launch. Most modern gun systems utilize a sabot to accelerate the penetrator out 
of smooth bore gun tube as described by Figure 1. Large caliber, kinetic energy 
munitions achieve velocities of over 1500 m/s in less than one hundredth of a second and 
acceleration rates may approach 42,000 times the force of gravity [88, 89].  
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Figure 1 – Long-rod kinetic energy penetrator and sabot. a) Schematic of kinetic energy 
penetrator munition. The sabot allows the penetrator to be launched from a smooth bore gun 
and fins stabilize the flight dynamics of the penetrator. The large tensile forces observed at the 
tail of the penetrator may cause premature failure of materials that do not exhibit tensile 
ductility at quasi-static strain rates. Schematic does not account for the transient hydrostatic 
compressive loads that are experienced as a result of propellant ignition. b) Image of the sabot 
detaching from the penetrator in flight, image from US Army.  
 
The sabot launched projectiles experience strong compressive loads at the head of the 
projectile and large tensile loads at the tail with shearing forces encountered where the 
sabot attaches to grooves in the projectile body. The severe loading conditions require 
significant consideration to prevent in-bore failure, particularly for brittle materials where 
tensile loads and tensile loads facilitate fracture.  
2.1.2. Terminal ballistics (target interaction) 
The loading conditions and penetrator-target interactions are severe and highly complex, 
resulting in stringent requirements for toughness beyond those experienced during 
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launch. During terminal ballistics, the penetrator may experience pressures exceeding 15 
GPa and strain rates as high as 105/s [90]. In the 1950s Alekseevski [91] and Tate [92] 
independently derived a modified hydrodynamic performance equation for long-rod 
kinetic energy projectiles as described by Equation (4). 
 − + � = +  (4) 
Where �, and , are the “resistance” of the projectile and target respectively, which are 
a function of the yield strengths of each material and the geometry of interaction. Other 
salient terms include the densities of the penetrator ( ), and target ( ) to describe the 
relation between the striking velocity ( ) and penetration velocity ( ) of the projectile as 
shown in Equation 4. The equation implies that the penetrator and target density terms 
dominate ballistic penetration results at higher velocities, whereas the strength terms 
(   ) become important at ordnance velocities (below 2000 m/s).  
2.1.3. Materials for ballistic applications 
Kinetic energy penetrators are generally made from either depleted uranium (DU) or 
tungsten alloys because of the high strength and density that are critical for performance 
in these applications. One of the most common kinetic energy penetrator compositions is 
DU with an addition of 0.75 wt% titanium (U-¾Ti) to improve strength and corrosion 
resistance. At room temperature, DU has an orthorhombic crystal structure that is fairly 
soft and exhibits limited ductility. However, alloy additions and metallurgical processing 
can drastically improve the strength and tune the ductility over a wide range (2-19% 
tensile elongation) [93]. The high ductility that can be achieved allows DU alloy 
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penetrators to survive the harsh tensile and shear loadings (and plastic deformations) that 
occur during launch. Furthermore, DU based penetrators have exceptional properties for 
efficiently perforating armor targets during terminal ballistics. Although DU is 
particularly effective in anti-armor kinetic energy projectile applications, there are many 
concerns over the long-term health and safety effects of these materials [94, 95] and there 
has been a strong desire to replace DU, specifically in ballistic applications. 
Tungsten alloys are also used in a number of kinetic energy-based ballistic applications. 
It is common to alloy tungsten with significant quantities (8-10 wt%) of nickel, iron 
and/or cobalt in order to improve the mechanical properties and achieve reasonable 
ductility in bulk polycrystalline form. Unfortunately, these additions also reduce the 
overall density of the material and affect the overall kinetic energy of the projectile. The 
tungsten alloyed in this fashion is colloquially referred to as tungsten heavy alloy 
(WHA), but the poor solubility of most transition metals in tungsten results in a two 
phase composite microstructure where the body-centered-cubic (BCC) tungsten particles 
are surrounded by a contiguous and ductile face-centered-cubic (FCC) phase, which 
allows for elongation similar to that observed in DU alloys [96].  
Although pure tungsten, with an equivalent density to DU, is an ideal candidate for 
ballistic applications, there are significant issues related to launch survivability of 
tungsten. Tungsten, owing to its extremely high melting point, is almost always 
processed by powder metallurgical (PM) means. PM processes are inherently susceptible 
to impurities and residual porosity, which can be detrimental to ductility. Even high 
purity, melt-processed tungsten generally experiences a BDTT above 200°C [97] leading 
to poor tensile ductility under ambient conditions. The addition of 5-25 wt% rhenium can 
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lead to significant improvements in ductility, in addition to increasing the density. 
However the cost and availability of rhenium [98], effectively limit usage in these 
applications and there are currently no known alternatives to rhenium for improving the 
low temperature ductility of tungsten[99, 100]. A description of the alloys and 
mechanical properties of KE penetrators is shown in Table 1.  
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Tungsten is the only non-radioactive, non-precious metal with a density equivalent to DU 
(Figure 2). Based on the physical and mechanical properties of tungsten and tungsten 
alloys in comparison to DU, there should be similar ballistic performance so long as the 
density, strength, geometry and striking velocity of the penetrator is consistent. However, 
the plastic behavior of the penetrator has been shown to have a strong influence on the 
penetration efficiency.  
 
Figure 2 – Viable base materials for DU replacement in kinetic energy penetrator applications. 
Elements are disqualified based on density, radioactivity and cost in that order (e.g. thorium 
demonstrates radioactivity, but was previously eliminated based on density constraint). Cost 
data from [104]. Note: Radioactivity is described by a lack of stable isotopes.  
 
The strength of DU and tungsten alloys is similar, and according to Equation (4), the 
performance of DU should be equivalent to tungsten alloys of equivalent density [58]. 
However, experimental evidence shows a considerable difference in the penetration 
efficiency of DU and tungsten based rounds. For DU, the deformation behavior highly 
dependent on the strain-rate experienced during specific ballistic events. At lower strain-
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rates, DU exhibits stable plastic flow as a result of a high work-hardening ability and 
strong strain-rate-sensitivity, allowing the material to survive the harsh conditions of gun 
launch. At high strain-rates (on the order of 105/s), plastic flow localization improves the 
penetration efficiency and provides a reliable mechanism for efficient armor penetration. 
2.1.4. Shear banding and ballistic efficiency 
Magness provided the first fundamental insight to the mechanisms behind the highly 
efficient penetration behavior observed for DU-based kinetic energy projectiles [45]. DU 
experiences plastic instabilities at high strain rates, which result in flow localization, or 
more specifically shear banding, during terminal ballistics. This deformation mechanism 
allows the penetrator head to efficiently slough-off in the areas of highest shear leading to 
what Magness refers to as a “self-sharpening” behavior [46]. By contrast, polycrystalline 
tungsten and tungsten alloys exhibit stable plastic flow, even at the extremely high strain 
rates observed during this ballistic event. This stable flow causes more difficulty in 
shedding the tip of the penetrator causing the penetrator to “mushroom” during target 
perforation. The difference in projectile geometries after perforating a hardened steel 




Figure 3 – X-ray radiographs of penetrator materials after perforating rolled homogeneous 
armor targets. a) Residual penetrator geometry of a “self-sharpened” material indicative of a 
shear banding mechanisms. b) Residual geometry of a non-shear-banding penetrator showing 
the “mushroomed” head that is characteristic of stable plastic flow. Modified with permission 
from [105].  
 
The “self-sharpening” deformation behavior of DU results in a deeper, narrower and 
more efficient penetration channel when compared to tungsten and tungsten heavy alloy 
penetrators. The deeper penetration channels are observed over a large range of impact 
velocities and account for the improved performance of DU in comparison to tungsten-
based penetrators. A measurement of the penetration channels and observed deformation 
mechanisms for DU and WHA penetrators is shown in Figure 4. The shear banding 
mechanism leads to a significant improvement in penetration efficiency even at 
equivalent penetrator densities; the DU projectiles may experience up to a 30% 
improvement in performance at the velocities of interest for kinetic energy rounds [106] 
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Figure 4 - (a) Comparison of the depth of penetration between DU and WHA into Steel Armor. 
Both materials had equivalent densities (18.6g/cc) and penetrator geometries (L/D=10) (b) 
Illustration of the plastic flow behavior of a WHA kinetic energy penetrator. (c) Illustration of 
the adiabatic shear band deformation of a DU kinetic energy penetrator. [58] These figures 
have been adapted from [106].  
 
DU demonstrates exceptional ballistic performance by exhibiting the precise plastic 
behavior required under different conditions of a ballistic event. The viability of tungsten 
alloys for replacing DU hinges on our ability to manipulate tungsten to show the plastic 
behavior that occurs naturally in DU kinetic energy alloys. A brief summary of the 
requirements and the current state of the art for U-¾Ti and various tungsten alloys is 
shown in Table 2.  
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Table 2 – Requirements for Kinetic Energy Penetrator Alloys 
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2.2. Fundamental descriptions of deformation and plastic stability  
From a mechanics standpoint, plastic instabilities are described by a discontinuity in the 
homogeneous solution describing the plastic strain of a material. These instabilities may 
result when local deformations exceed a threshold value and the system transitions from 
uniform, and controlled behavior to localized, and chaotic behavior. The instability may 
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present itself as brittle fracture (when local stresses exceed the threshold fracture stress in 
a material), or strain localization (when the resistance to sustained deformation decreases 
to the extent that strains concentrate within certain regions, potentially forming shear 
bands). These types of problems are by no means unique to material deformation, but 
occur in a number of non-linear and stochastic systems throughout engineering practice 
[107]. This behavior is often described as a bifurcation at a critical point where a stable 
and homogeneous elliptical solution of the strain state transitions to an unstable 
hyperbolic result.  
2.2.1. Strain localization 
The ductility of a material is not an intrinsic property. There is a strong dependence on 
the conditions of the test specimen (size, shape, microstructure, dislocation structure, 
crystal structure, etc.) and the test methods (three-dimensional (3D) stress state, strain 
rate, etc.) employed during mechanical testing. While it is common to quantify ductility 
based on the measured elongation during a standardized tensile test [108], this property is 
rooted in the material’s ability to accommodate imposed conditions of stress and strain 
rate. Ductility is typically high in materials that undergo large amounts of uniform 
deformation (i.e. before necking). Under most conditions, plastic instabilities will 
eventually develop over the course of straining, even in highly ductile materials, leading 
to localized deformation and eventually failure. In a tensile test of a ductile metal, the 
localized plasticity is observed as “necking”, which ultimately leads to rupture within the 
reduced cross section of the sample.  
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As discussed previously, plastic instabilities and the localization of strain are not specific 
to shear band formation and help to describe the onset of failure in a number of critical 
processes from fracture to fatigue to the common tension test [109]. In 1885, Considère 
[110] developed a criterion for plastic stability that is worth reviewing in the context of 
evaluating instabilities in general. For a rate insensitive material under quasi-static, 
tensile loading conditions (i.e. the true stress (�) is defined as a function of the true strain 
( ) of a material as shown in Equation (5). 
 � =  (5) 
Considère defined the onset of instability as the maximum load in a tension test. The 
material is considered stable as long as the derivative of load with respect to strain 
remains positive. 
 >   (6) 
where  is the applied tensile load. Since the strain is positive over the duration of the 
test, the onset of instability occurs when the change in load reaches zero. This can be 
explicitly related to the stress according to Equation (7). 
 = = � + �  (7) 
where  is the cross-sectional area of the specimen. Given the condition of constant 
volume during a tension test, the infinitesimal strain ( , defined as the increased length 
of the specimen, normalized by the instantaneous length ( / ), must be accompanied by 
a proportional change in cross sectional area of the sample. 
  = − = −  (8) 
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Combining equations (7) and (8) provides a description of the critical stress as the 
derivative of stress with respect to strain. 
 ′ = � = � (9) 
Applying a power law model [111] to describe the constitutive relationship between 
stress and strain for a material that experiences constant strain hardening results in 
Equation (10) 
 � = =  (10) 
where  is a combined term representing the initial stress and strain of the material and  
is the strain (or work) hardening exponent. Differentiating the constitutive model with 
respect to strain and combining with the results of Equation (10) provides a direct 
relationship between the critical strain at the onset of instability ( ) and the strain 
hardening behavior. 
 =  (11) 
From this relation, it is clear that materials that exhibit strong strain hardening behavior 
also tend to demonstrate larger strains to necking during a traditional tension test (i.e. 
before strain localization sets in).  
The Considère criterion is based on the implicit assumptions that the strength of a 
material is insensitive to strain rate and temperature. In real materials, these assumptions 
cannot be taken for granted; however, they may be reasonable for specific conditions of a 
quasi-static test (i.e. ̇ < −  − ) in metals. At the point of necking, even in a quasi-
static test, the local strain rate increases and rate sensitivity must be considered. The 
stability criterion for a rate sensitive material (i.e. � = , ̇ ) was considered using 
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linear analysis by Hart [112] resulting in a condition for stable plasticity described by 
Equation (12) [113]. 
 > −  (12) 
where  is a work hardening coefficient, and  is the strain rate sensitivity; these 
variables can be described according to Equations (13) and (14) respectively. 
 = �   |   (13) 
 = �   ̇|   (14) 
where the subscript 0, indicates the deformation behavior far away from the localization 
event. The Hart criterion shows that a high strain rate sensitivity also improves the plastic 
stability of a material by allowing for more strain before a localization (e.g. necking) is 
triggered.  
Modern assessments of plastic instabilities utilize perturbation theory to describe the 
onset plastic instability in a material [114, 115]. In this process, the onset of instability is 
described as the situation where a small local deviation of a specific parameter (usually 
strain), grows with time [69, 109, 115, 116]. If the deformation is stable, the perturbations 
will decay with time and the solution is termed elliptical. When the perturbations of a 
given wavelength grow with time, the solution will not converge at extended time-scales 
and the system is described as hyperbolic. These models give rise to specific criteria for 
instability in a similar sense to the Considère criterion (Equation (6)); however, the 
condition for instability does not need to be described a priori. Instead, it appears, based 
on the boundary conditions, and the governing equations for deformation. 
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The detailed description of plastic instability is highly sensitive the underlying 
constitutive models employed in defining the instability, both in terms of the controlling 
variables for deformation (e.g. � = � , ̇, ) and the specific form of the constitutive 
model (e.g. power law, Johnson-Cook, etc.).  
These variations have led to at least a dozen independent models to describe the onset of 
instability in terms of a critical plastic strain [69] in a fashion similar to Equation (11). 
However, it is clear that two material parameters, strain hardening ( ), and strain rate 
sensitivity ( ), delay plastic instabilities by local perturbations in strain to distribute to 
the surrounding material. These parameters are helpful for describing the resistance to 
strain localization in metals. A qualitative description of the influence of these parameters 




Figure 5 – Qualitative description showing the effects of strain hardening and strain rate 
sensitivity during a tension test at a constant imposed strain rate. Increased strain hardening 
(left) and strain rate sensitivity (right) generally improve the plastic flow stability and ductility 
of metals.  
 
The descriptions of strain localization provided so far, are predicated on the condition 
that the material exhibits ductile, plastic behavior in the first place. When metals are 
tested under conditions of limited plastic flow (i.e. based on the poor mobility of 
dislocations), it is common to observe another type of plastic instability in the form of 
fracture. The mechanics of fracture, particularly for ductile and semi-ductile materials 
can be highly complex [117] and the details are generally beyond the scope of this 
discussion. However, it is important to note that fracture may preclude plastic instabilities 
in the form of strain localization.  
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2.2.2. Shear banding  
Shear banding describes a very general condition where, strain localization concentrates 
into intense planar bands of shear. Shear bands prevalent in a number of different 
materials including: polymers [118], rocks [119], granular materials [120], bulk metallic 
glasses [121] and of course metals [69]. These highly concentrated localizations in strain 
can help to describe various phenomena ranging from earthquakes [122], to shock 
sensitivity in explosives [119], to the basic flow behavior of non-Newtonian fluids [123]. 
The phenomenon of shear banding is actually fairly uncharacteristic of metals, where 
dislocation activity tends to cause extensive strain hardening at moderate strains and 
strain rates. However, the study of shear banding in metals has become much more 
prevalent, as processes and microstructures that lead to stronger materials tend to limit 
their resistance to shear band formation.  
Although, strain localization is a very general phenomenon, the specific causes of these 
plastic instabilities can vary significantly. For example, adiabatic shear bands develop 
under conditions where heat transfer from the system is negligible and the 
thermoviscoplastic response of a material leads to intense strain localization. Adiabatic 
shear bands can form with local strains in excess of 100 [69] and a temperature rise that 
can exceed 1000°C [124]. In other cases, shear bands may form based on crystallographic 
texture, which can be initially present in a material [125], or develop over the course of 
straining [126, 127]. In polycrystalline metals, the strain inside of the shear band depends 
on the dynamic evolution of texture. In the case of bulk metallic glasses, a shear band can 
form based on free volume within the material [69], the strains inside of the band can 
exceed 35, and propagate at a velocity of 100m/s.  
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Shear banding tends to result in catastrophic failure by fracturing along the band [113]. 
However, shear banding does not always end catastrophically, particularly if the 
deformation becomes stable once more, based on work hardening after the band has 
formed. If the plastic behavior stabilizes inside of the band, this forces the shear band to 
grow laterally and propagate across the entire specimen. This is commonly observed in 
Lüders bands [128], which resulting from an upper yield point phenomenon common to 
mild steels. This is also observed based on the Portevin-Le Chatelier (PLC) effect [129], 
caused by dynamic strain aging that is common to precipitation hardened aluminum 
alloys tested under the appropriate conditions of temperature and strain rate. These two 
types of propagative shear bands are distinguished by the mechanism that leads to 
instability: Lüders bands correspond to a deficiency in the local strain hardening behavior 
( ≤ ), while PLC bands result from a deficiency in strain-rate-sensitivity ( ≤ ) 
[130]. 
There are also a number of shear bands that form based on a Lüders-like phenomenon. 
Irradiated metals are also prone to shear banding as dislocations moving through the 
microstructure clear out the unstable defects induced by radiation damage [131, 132]. 
Although this mechanism is slightly different from the unpinning of dislocations from 
solute atmospheres [133]. They show similar behavior, and are often classified as Lüders 
bands [134]. 
The susceptibility of a material to shear banding depends on the specific mechanisms that 
lead to plastic instabilities in the first place. Since dislocation activity describes 
deformation behavior in most of these materials, dislocations play an important role in 
describing what leads to the instabilities in the first place. For instance, Lüders bands 
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form when straining causes a significant increase in the number of mobile dislocations, 
and materials with annealed microstructures or unstable radiation induced defects are 
more susceptible to this plastic instability. The PLC effect occurs based on repeated 
pinning and unpinning of dislocations by solute atoms. For this case, the mobility of 
dislocations and solutes must be considered and the susceptibility becomes inherently 
sensitive to temperature and strain rate. This is not to say that twinning or other 
mechanisms (e.g. free volume in granular materials and possibly metallic glasses [69]) 
cannot lead to a shear banding, but when deformation is controlled by dislocation 
activity, dislocation activity will also determine the strain hardening ability and strain rate 
sensitivity of a material.  
Adiabatic shear banding, may also be understood based on dislocation behavior. 
Materials that exhibit a strong thermal softening behavior are more susceptible to 
adiabatic shear bands. This type of behavior is generally associated with thermally 
activated dislocation mobility, which explains the general observation that HCP and BCC 
materials are more susceptible to shear band formation. Other factors will certainly play a 
role (thermal conductivity, heat capacity, etc.), but dislocations are critical. Describing 
the physical mechanisms that lead to shear banding is essential for understanding the 
initiation event so that shear bands can be resisted or induced, depending on the specific 
application of the material.  
2.2.2.1. Adiabatic shear banding 
Some of the first descriptions of shear banding were reported by Tresca as early as 1878 
[135] where highly localized shear was observed during high strain rate deformations as 
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For DU based penetrators, the “self-sharpening” behavior that promotes a high ballistic 
efficiency is the result of an “adiabatic” shear banding mechanism based on the research 
of Magness and coworkers [45, 106]. In the case of adiabatic shear banding, the plastic 
instability develops because there is a positive feedback loop where deformation, 
temperature rise, and the associated reduction in flow stress are linked to localize plastic 
flow into small bands of deformation as described by the schematic in Figure 7. There is 
a critical point (in terms of strain and strain rate) when the constructive feedback from 
these intimately connected processes reaches a tipping point and a small perturbation in 
strain will grow and continue to localize.  
 
Figure 7 – Schematic of the positive feedback loop responsible for “adiabatic” shear banding 
 
Adiabatic shear bands tend to develop in stages where homogeneous deformation 
develops to localized strain, finally becoming a shear band. In general, adiabatic shear 










characteristic of the material (thermal conductivity, strength, melting point) and generally 
independent of the external testing conditions [142], though these testing conditions may 
determine whether the band will form in the first place. 
The generation of adiabatic shear bands is usually undesired. In metal forming and rolling 
operations, shear bands lead to inconsistencies in material properties and surface finish. 
In machining operations, shear banding can lead to “tool chatter” and cause additional 
wear or fracture of the tool-piece. For ballistic applications, adiabatic shear bands in the 
armor or the penetrator tend to increase the efficiency of armor penetration. In general, 
their desirability depends on whether the goals are to provide improved lethality or 
protection. A graphical description for each of these specific adiabatic shear banding 




Figure 8 – Examples of adiabatic shear bands in several different materials and applications. 
a) deformed interstitial steel exhibiting a temperature rise sufficient to recrystallize the 
microstructure inside of the band [143], b)shear bands in machining chips from Ti-6Al-4V 
[144], Numerical simulation of shear band formation in armor during penetration by a 
fragment simulating projectile [145]. This “plugging” phenomenon limits the performance of 
metallic armors. d) Schematic of how adiabatic shear banding of a DU based kinetic energy 
penetrator, effectively improves ballistic penetration efficiencies [44]. 
 
The mathematics for understanding various adiabatic shear banding phenomena have 
been described in reviews by Wright [115] and Dodd and Bai [69]. Wright developed a 
model to describe the propensity of shear band formation ( ) as a function of material 
parameters including: strain rate sensitivity ( ), strain hardening exponent ( ), and a 
thermal softening parameter ( ) shown in Equation 15. The thermal softening parameter 
is a function of the flow stress (� ), temperature ( ), density ( ) and specific heat 
capacity of the material ( ) described in Equation 16. 
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 = − �  (16) 
Similar to previous assessments of plastic instabilities, high strain hardening ( ) and 
strain rate sensitivity ( ) help to resist shear band formation, though there is also a 
considerable dependence on the thermal softening behavior of the material. The high 
degree of strain hardening and strain rate hardening of tungsten demonstrate a poor 
susceptibility for shear band formation [146] except in cases where the specimen 
geometry is designed to promote shearing (e.g. top hat specimens [147]). Considerable 
research has been carried out to destabilize plastic flow and promote shear banding [48, 
105, 148]. 
2.2.2.2. Geometric shear banding 
The glide of dislocations is inherently limited based on crystal structure. Even in cubic 
systems, which have a high degree of symmetry, there is always an orientation 
dependence on the strength of a material and the plastic behavior in general. Geometric 
shear bands were originally described based on the observation that orientation can lead 
to strain softening and shear banding based on the loading conditions, and without 
requiring the material to actually soften in any physical sense [127]. This observation was 
made for the case of single crystal aluminum with a shear band shown in Figure 9 [127]. 
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Figure 9 – Geometric shear band observed in Al-3Cu single crystal. The shear band was 
formed based on reorientation of the crystal during straining. A magnified image of the region 
near the shear band (right) shows the degree of strain-induced reorientation before the 
geometry was favorable for the shear band to form. Modified from [127]. 
 
It is important to note that a certain degree of strain was required for the crystal to rotate 
to a soft orientation in the case of the aluminum single crystal because softening is 
observed with respect to the original orientation of the crystal. Geometric softening may 
also result in transformation of single crystals to polycrystalline materials based on the 
development of soft orientations via texturing.  
2.3. Plastic behavior of ultrafine grained metals 
Bulk ufg and nanocrystalline materials are commonly classified by having a grain size 
below 1,000 and 100 nm respectively. These materials have been researched heavily over 
the past several decades because of their promise to make drastic improvements to the 
38 
physical and mechanical properties of a material [77, 149]. These studies are particularly 
important to the field of materials science, where the relationship between processing, 
structure, properties and performance has been a long-standing paradigm of materials 
development. In particular, the development of new processing technologies, specifically 
for controlling grain size while maintaining a high degree of purity, are enabling a new 
level of understanding and control in the development of new materials.  
The Hall-Petch [150, 151] relationship describes the increase in flow stress (��) 
associated with a reduction in grain size ( ) to the power of -0.5 as shown in Equation 
17. While this formulation has been described based on several specific mechanisms 
including: dislocation pile-ups at grain boundaries [152], or the boundaries acting as 
dislocation sources [153, 154], or the overall dislocation density [74] these are 
specialized theories and do not account for the broad applicability of this largely 
empirical Hall-Petch relationship.  
 �� = � + −  (17) 
As the grain size of a metal is reduced beyond a certain critical limit, the Hall-Petch 
relationship begins to deviate from the relation shown in Equation 17 as a result of 
“different deformation mechanisms” in the material [155, 156]. In FCC materials at very 
small grain sizes (on order of 10nm) it has been proposed that novel mechanisms of 
plasticity may become possible, dislocations still play a role in plasticity at fine grain 
sizes [149]. The precise grain size where breakdown occurs is material specific, a change 
in deformation mechanisms has been observed in many different systems. In BCC metals 
like iron, the deviation from ideal Hall-Petch behavior is particularly apparent when grain 
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to have a low strain rate sensitivity [162], which increases as grain size decreases. Coarse 
grained BCC metals show a fairly high strain rate sensitivity, which decreases with 
decreasing grain size. 
   
Figure 11 – Strain rate sensitivity of FCC (Aluminum) and BCC alloys as a function of the 
reported grain size. The primary author is reported next to each symbol and reference numbers 
correspond to the original manuscript by Wei. Reprinted from [160]. 
 
The trends observed in Figure 11 provide significant insight to the susceptibility of ufg 
materials to shear banding. While both FCC and BCC materials demonstrate limited 
strain hardening ability ( ), shear bands have not been observed in ufg FCC alloys 
subjected to quasi-static compression [113]. In contrast, several BCC alloys have been 
shown to shear band once the grain size reaches a critical value within the ufg regime 
[58, 163-166]. In short, increasing the strain rate sensitivity ( ) can deter development of 
plastic instabilities that result in shear band formation. 
2.3.1. Shear banding in ultrafine grained metals  
41 
The assessment and plastic instabilities and strain localization relies on the underlying 
assumption that the material’s ductility is sufficient to promote yield and plastic flow 
instead of brittle failure. The deformation behavior of tungsten and resistance to fracture 
is ultimately the result of processing, properties, microstructure and composition. 
Controlling these variables can lead to drastic changes in the plasticity mechanisms of 
tungsten and promote stable flow, localized flow or brittle fracture as shown in Figure 12. 
Each of the deformation mechanisms are not mutually exclusive and play an integral role 
in the performance of kinetic energy penetrators. For example, DU exhibits stable 
plasticity at moderate strains and strain rates, high rate deformation leads to early shear 
banding and catastrophic failure results from fracture within the shear band. Each of these 
processes are critical for effective launch and penetration mechanisms.  
 
Figure 12 – Various deformation mechanisms observed in tungsten and the factors that affect 
plasticity and plastic instabilities. a) Brittle fracture in polycrystalline tungsten with cracks 
parallel to the loading direction. b) Stable plasticity in tungsten single crystals resulting from 
strong work hardening behavior. c) Shear banding observed in ufg tungsten-5 wt% rhenium at 
quasi-static rates. Mechanisms of strain localization in ufg metals are not adequately described 
by existing strain localization mechanisms. 
2.3.1.1. Shear banding in ultrafine grained iron 
Refining grain size has significant implications for the plastic stability [158] and shear 
band susceptibility of ufg metals. As discussed previously, plastic instabilities are 
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generally a detriment to most engineering applications, but the observation that ufg iron 
may demonstrate shear banding at a grain size of several hundred nanometers [165] 
sparked a series of investigations to promote shear banding in tungsten and tungsten 
alloys using similar methods [53, 55, 57, 67, 68, 163, 167-169]. Pure iron, like tungsten, 
shows a strong work hardening behavior in most instances, and shear banding is 
generally not observed, even at dynamic strain rates. The influence of grain size on 
plastic instability and the formation of shear bands at quasi-static rates has been observed 
by several research groups [165, 170-173], but the detailed mechanisms for this 
localization behavior is still under debate.  
The strain localization observed by Jia et al and Wei et al. in ufg iron from powder 
metallurgical processing routes [166, 174], formed at quasi-static rates and had a 
distinctly different character from the adiabatic shear bands that were previously reported 
for iron alloys tested at high strain rates. In particular, shear bands initiate at very low 
macroscopic strains and there does not appear to be a regime of stable deformation 
developing into localized deformation and ultimately resulting in shear band formation as 
shown for adiabatic shear bands Figure 13.  
43 
 
Figure 13 – Shear bands observed at successive levels of deformation. Hot pressed iron (top), 
with an ultrafine grain size (268 nm) tested in compression under quasi-static strain rates from 
[165]. HY100 steel tested under torsion at high strain rates. Fiducial markers, running 
horizontally across the specimen surface show three distinct deformation conditions (c) 
uniform deformation, (d) localized deformation, and (e) intense shear banding, from [175]. 
 
Wei et al. [169], conducted a follow-up study on iron with a similar grain size (~300 nm), 
but processed by ECAE. This material showed limited strain hardening at quasi-static 
rates, and failed by shear-banding at dynamic rates; however, shear banding was not 
reported for the quasi-static tests. The difference in the stability of deformation processed 
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and consolidated iron was attributed to impurities and porosity that result from powder 
metallurgical processing.  
2.3.1.2. Shear banding in ultrafine grained tungsten 
Similar investigations into shear band formation in ufg tungsten were met with varied 
success. Processing ufg by equal channel angular extrusion showed that brittle fracture, 
observed parallel to the loading axis, may preclude shear band formation in ufg tungsten 
[68] as shown in Figure 14. The suppression of brittle fracture is critical for assessing the 
plastic deformation behavior and shear band susceptibility of tungsten.  
 
Figure 14 – Brittle Fracture in ECAE Tungsten, loading direction is vertical. a) macroscopic 
and b) microscopic cracking along the loading direction [68]. 
 
The first demonstrations of shear banding in ufg tungsten were observed by Wei et al. in 
material processed by equal channel angular extrusion with subsequent cold rolling[68]. 
However, the grain size of ~500nm was considerably larger than the previous iron 
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samples that demonstrated shear banding and shear banding was observed only at high 
strain rates. Additional studies showed that that shear banding could occur in severe 
plastic deformation samples processed by high pressure torsion [36, 37] or cold rolling 
[176], as shown in Figure 15. These severe plastic deformation processes result in highly 
textured materials with highly anisotropic properties. Unfortunately, shear banding was 




Figure 15 – Shear banding observed in ufg tungsten processed by severe plastic deformation. 
Samples are loaded in compression along the vertical axis of each image. a) equal channel 
angular extrusion followed by cold rolling [68], b) conventional cold rolling [176], and c) high 
pressure torsion [37]. 
2.3.2. Adiabatic shear banding in ultrafine grained metals 
The strain localizations observed in ufg tungsten were described to be adiabatic based on 
the mathematical description provided by Wei et al. [68]. In essence, Wei applied the 
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concept of a thermal conduction length-scale ( ) to see whether the thermal diffusivity 
( ) and duration of the test (Δ ) could account for a distance larger than the observed 
shear band as shown in Equation (18) and the thermal diffusivity is described by the 
thermal conductivity ( ), the density ( ) and the specific heat capacity ( ) of the shear 
banding material as shown in Equation (19). Equation 18 is a simplified estimate, but if 
the thermal conduction length scale is the same size or smaller than the width of the shear 
band ( ), then the band is considered adiabatic. 
 = √  �  (18) 
 =  (19) 
According to Wei et al. [68], if the thermal conduction length-scale is smaller than the 
shear band, the band is adiabatic. Actually, this method only provides a good technique to 
definitively show that the shear band is not adiabatic. If the thermal length scale is much 
larger than the width of the shear band ( ≫ ), then it is clear that there has been 
sufficient time to diffuse heat away from the local perturbations in deformation that 
ultimately lead to shear banding and the instability can be approximated using isothermal 
conditions. In fact, the thermal diffusivity for all metals varies by approximately two 
orders of magnitude, generally between 10-6-10-4 m2/s [5] (with the exception of 
selenium, which has an unusually low thermal conductivity). Shear bands tend to have 
widths in the 10-100 μm range [141]; however shear bands in ufg metals and bulk 
metallic glasses can be much finer. Accounting for the maximum shear band width and 
the minimum thermal diffusivity, any test for any metal that takes more than 0.1 seconds 
to complete shouldn’t be suspected of shear banding by an adiabatic mechanism.  
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The shear banding as a result of high rate testing conducted by Wei et al. [36, 68, 176] 
showed distinct characteristics of thermoplastic softening and the conditions of testing 
were certainly fast enough to be considered adiabatic. However, the shear banding would 
not be likely to occur without specific microstructural features that impeded strain 
hardening and strain rate hardening in these ufg tungsten samples. The blanket 
description of adiabatic shear banding ignores the grain size and texture effects that could 
promote the localization of strain even under non-adiabatic conditions.  
2.3.3. Geometric shear banding in ultrafine grained metals 
The original observations of shear banding in ufg BCC iron, noted that once a critical 
grain size is reached, shear banding is observed, even at quasi-static rates [165, 166, 170]. 
Wei et al. [177] stated that this unusual behavior could not be explained by adiabatic 
mechanisms and provided an explanation based on ultrafine grain sizes making it 
“possible for a large group of grains to quickly develop the texturing favorable for slip 
propagation in a cooperative manner.” This phenomenon was termed “geometric” shear 
banding after a similar description provided by Asaro [127] to explain a specific 
condition where soft orientations develop over the course of straining single crystals. The 
geometric softening, which is essentially described by negative strain hardening as the 
result of texture that develops during plastic straining.  
The mechanisms of geometric shear banding were investigated more thoroughly by Joshi 
and Ramesh [71-73] and a mathematical description of the grain reorientation and 
softening process was created that could account for differences in stability based on the 
mechanical characteristics of specific systems as described by Figure 16. 
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Figure 16 – Geometric shear banding model describing the localization of ufg materials based 
on collaborative rotation of grains to orientations with reduced flow stresses [71].  
 
The geometric shear banding model uses a “first-order perturbation analysis of a nonlocal 
continuum model for the grain rotation driven shear instability.” Ultimately, the model is 
based on the assessing the fraction of grains that have rotated to the “soft” orientation (�) 
based a coefficient for rotational diffusion ( ), initial texture and grain size effects (�), 
and the local plastic shear strain rate ( ̇ ) as described by Equation 20. 
 �̇ = � ̇ + � (20) 
The backbone of this model is the formulation of a critical length-scale ( ), which is 
the critical wavelength, derived from perturbation theory, where localization is prevalent. 
When the grain size (  approaches this critical wavelength, based on a strength index 
(�), shown in Equation 21, the material becomes inherently unstable. The strength index 
described by the measurable and tabulated values of material properties including: the 
shear modulus ( , strain rate sensitivity ( ), and a parameter ( ), which accounts for a 
difference between hard and soft orientations (�ℎ  and �  respectively) as described by 
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Equation 22. (Note: Equation 22 was modified from Joshi’s original formulation [71], 
because a typo resulted in negative and non-realistic values for the strength index.) The 
strength index can be calculated based on the material parameters describing  
 = �− �̂ℎ  (21) 
 ̅ = − �ℎ�   (22) 
 �= � ̅ (23) 
 
A more detailed description of the variables in Equation 21 can be found in the reference 
[71]. For a given material (e.g. tungsten) this formulation allows the strength index (�) 
to be calculated based on only on the measured strain rate sensitivity. This value may be 




Figure 17 – Stability of various tungsten-based microstructures as a function of the strength 
index (�), and grain size (�), from [71]. 
 
Much of the effort to describe shear band formation in ufg materials has concentrated on the 
effect of grain size on the strain rate sensitivity (SRS) (�  of the system as opposed to the strain 
hardening behavior (�). These efforts focusing on strain rate sensitivity of ufg metals are critical 
because they effectively distinguish between the stability of BCC and FCC metals as a function 
of grain size. The strain rate sensitivity of FCC metals tends to increase as grain size is reduced 
beyond a critical limit; in contrast, BCC metals show a decrease in strain rate sensitivity, which 
has significant implications for plastic stability during deformation. While these trends are 
generally accepted, the basic causes for these differences in terms of dislocation mediated 
plasticity is still an active area of research. 
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2.4. Strain gradient plasticity  
The strain rate sensitivity of ufg BCC metals show a significant decrease in the strain 
hardening exponents compared to coarse grained material [178]. From a continuum 
mechanics standpoint, these two conditions could promote plastic instability without 
requiring any consideration of thermal- or texture-based softening. Unfortunately, the 
continuum analysis does not elucidate the fundamental mechanisms that lead to these 
changes in flow and strain rate dependent behavior. In an early evaluation of the shear 
instabilities for ufg metals, Ma [158] cited dislocation activity to account for the changes 
strain rate sensitivity and strain hardening behavior that contribute to plastic instabilities 
(and shear band formation) in ufg metals. In recent years, a discussion of strain gradient 
plasticity has emerged to explain the additional dislocations that are geometrically 
necessary to account for the straining of heterogeneous and/or confined microstructures.  
2.4.1. Describing physical phenomena with strain gradient plasticity 
This basic mechanism of strain gradient plasticity accounts for several fundamental 
descriptions of the mechanics of materials, particularly in ufg materials. These 
mechanisms are not accounted for by traditional continuum plasticity theory, which does 
not have an internal length scale and considers infinitesimal segments of material to have 
the same properties as the bulk [179]. Furthermore, these classical plasticity theories rely 
on the assumption that the stress of an individual point is a function only of the strain at 
that point [180]. When these models approach a spatial resolution approaching the 
micrometer scale, lattice curvature, or strain gradients become critical. Experimentally, 
the ability to strain harden is not isolated to a single point, but instead relies on the 
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dislocation density (and by relation, the curvature) of the surrounding lattice [78, 181-
184]. Furthermore, these observations are intrinsically linked to the dislocation content in 
a material, which provides a physical description of the hardening phenomenon.  
Ashby [74] developed the concept of strain gradient plasticity to account for the 
increased work hardening rate of heterogeneous materials. The past few decades have 
been filled with several experimental observations of strain gradient plasticity to describe 
the general “smaller is stronger” [77, 185-188] phenomena in materials. Specifically, 
Fleck et al [78] used strain gradient plasticity to describe a threefold increase in the 
specific torque required to deform a copper wire as the diameter decreases from 170 µm 
to 12 µm. Nix and Gao [184] utilize strain gradient plasticity to describe indentation size 
effects observed in nanoindentation experiments, which may increase the strength by a 
factor of two as the indentation depth decreases from 10 µm to 1 µm. Finally, a recent 
critical review by Cordero et al. [189] shows that this mechanism provides the most 
consistent explanation of the “constants” associated with the Hall-Petch relationship 
between grain size and yield strength (Equation (17)). 
Dislocations describe much of the key phenomenological behavior of crystalline 
materials undergoing plastic deformation. Conventional work hardening occurs because 
dislocations become stored in the lattice during straining and require additional stress to 
overcome the barriers imposed by stored dislocations. The shear stress required for a 
material to yield (��) may be calculated as a function of the total density of stored 
dislocations ( ) according to the Taylor formula shown in Equation (24). 
 �� = √  (24) 
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where  represents a material constant,  is the shear modulus, and  is the Burgers 
vector assocated with the dislocation.  
Following the descriptions of Ashby [74], from a macroscopic viewpoint, the dislocations 
may be of the form where they are required to maintain continuity in a curved lattice, 
referred to as geometrically necessary dislocations (GNDs). Otherwise, the stored 
dislocations trapped by “random” events in the lattice and are described as statistically 
stored dislocations (SSDs). At this macroscopic scale, SSDs may not contribute to the 
macroscopic curvature, but nevertheless contribute to the overall dislocation density and 
the work hardening of the material. The total dislocation density may be described as the 
summation of GNDs and SSDs per unit volume of material as shown in Equation (25) 
 = + � = +  (25) 
where  and �  are the number of SSDs and GNDs respectively per unit volume 
( ), which may be descibed in terms of the individual dislocation densities. 
The strengthening behavior occurs naturally by accounting for the density of SSDs and 
GNDs content according to Equation (24) and Equation (25): 
 � = √ = √ +  (26) 
The description of strain gradient plasticity can be summed up with a simple description 
of how to account for the dislocations associated with lattice curvature in a simple beam 
bending experiment. A two-dimensional (2D) schematic of non-uniform shear strain 




Figure 18 – Beam bending schematic demonstrating the effective dislocation density induced 
by non-uniform strain, which leads to a curvature of the lattice. Note: there is an underlying 
assumption that the elastic strain is small in comparison to plastic strain. Modified from Fleck 
et al. [78]  
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Following the derivation of Ashby [74], and Fleck et al. [78], and neglecting elastic 
strains, a small, fully plastic displacement field in the bent beam, shown in Figure 18, 
may be described according to Equation (27) 
 = , = � , =  (27) 
where , , and  are the respective displacements for the Cartesian coordinate system 
of � , � , and � ;  is a constant. Since the displacements are fully plastic and assumed to 
result from the dislocations on glide planes normal to the axis of deformation, the 
minimum number of dislocations to account for the lattice curvature can be described 
according to the Figure 16d, which may be described in terms of the shear strain gradient 
according to  
 � = � = � � �  (28) 
The density of geometrically necessary dislocations may be described by as: 
 = �  (29) 
where  is the magnitude of the Burgers vector for the active slip system. Alternatively, 
each cell could be described by an infinitesimal lattice rotation about �  ( � ), such that: 
 � = = �  (30) 
The plastic bending of a crystal to a lattice curvature , where = � / � , requires a 
specific density of geometrically necessary dislocations. Rearranging Equation (30), and 
applying the definition of lattice curvature results in a useful, albeit simple description of 
the dislocation density: 
57 
 = �� =  (31) 
 
The accumulation of GNDs based on lattice curvature is further complicated by the 
possibility of multiple dislocation types for a given crystal structure, each of which are 
described by a unique Burgers vector (�) and sense vector (�) (i.e. the dislocation line 
direction). Furthermore, the prescribed lattice curvature in Equation (31) was the result of 
a prescribed strain gradient along a single direction (� ), with the prescribed rotational 
axis normal to that direction. A more rigorous description of lattice curvature is discussed 
later according to the dislocation tensor ( ), also referred to as the Nye tensor [190] when 
elastic contributions are deemed to be negligible.  
2.4.2. Assessment of the length-scale parameter 
One of the most critical issues regarding mathematical formulations of strain gradient 
plasticity lies in the physical meaning of the length scale parameter which is the basis for 
many of the observed phenomena of SGP. As discussed previously, Ashby [74] describes 
the length scale parameter  based on the average distance that a dislocation moves 
before coming to a final resting point. As with other formulations [191, 192], this length 
scale was assumed to be constant during the deformation process. However, it is clear 
that the microstructure (and the effective slip distance ) evolves as a function of 
deformation in many situations [193-195]. Using nanoindentation experiments Abu al-
Rub and Voyiadjis [196] showed that the length scale is a function of temperature and 
strain rate ( = , ̇ ), while formulations by [197] showed that the details of strain 
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gradient plasticity does not require a scalar length scale if the interactions between 
dislocations can be accounted for explicitly. However, the complexities of coupling 
dislocation flux to each individual slip system create many difficulties in implementing 
the model to polycrystals at a scale that is useful in engineering practice.  
For coarse grained materials, it is undoubtedly true that the length scales of phenomena 
salient to deformation (and grain sizes) change during deformation. This concept has 
been used for centuries, and is critical for deformation processing. In ufg materials, the 
degree of grain refinement that can be achieved by deformation is highly limited in 
comparison to bulk materials. In this study, we define the length-scale based on the grain 
size of the material, and do not consider this length-scale to change significantly during 
the deformation process. This simplified description is modeled after the original concept 
provided by Ashby [74], and serves as a reasonable approximation.  
2.4.3. Practical models of strain gradient plasticity 
Observations of strain gradient plasticity have been used to describe strain gradients and 
the associated GNDs are the result of: (1) the geometry of deformation, (2) boundary 
conditions for mechanical testing, or (3) the microstructure itself. A graphical depiction 
of several examples of strain gradient plasticity are shown in Figure 19 [78].  
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Figure 19 – Strain gradient plasticity and geometrically necessary dislocations, which account 
for an increase in strength based on: the geometry of deformation (a, b), local boundary 
conditions (c, d), and the microstructure of the material (e, f). Used with permission from Fleck 
et al. [78]. 
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Strain gradient plasticity may also be used to describe the increase in strength associated 
with decreasing grain size in a polycrystal according to the methods of Ashby [74]. In 
essence, grain boundaries confine slip, causing non-uniform plasticity, even for pure 
metals. For small deformations, the grain deforms predominantly by single slip resulting 
in gradients in the shear strain, which cause rotation of the lattice. This lattice rotation 
may ultimately lead to slip on a secondary slip system, but a basic assessment of the 
strain gradient plasticity can be inferred from the initial and final structure in a similar 
thought experiment to that described in Figure 18. In uniaxial tension, displacement of 
the grains can be described with and without the confining influence of grain boundaries. 
A 2D depiction of this thought experiment is shown in Figure 20. Dislocations may be 
added en masse to accommodate the overlaps and voids that occur without the confining 




Figure 20 – Determination of strain gradient plasticity and the geometrically necessary 
dislocations observed in a tension test of a polycrystalline sample. A material deforms in 
tension (a), resulting in overlap and voids between grains (b). Geometrically necessary 
dislocations are added to correct for individual voids and overlaps (c), resulting in a uniform 
sample with dislocations to account for the geometric aspects of deformation [74] 
 
The analytical approximation for the density of GNDs ( ) as a function of the grain 
diameter ( ) and the macroscopic tensile strain )̅ is described by Ashby as: 
 ≅ ̅  (32) 
In a more general sense, , may be described in terms of the geometric slip distance, , 
which is generally described by the boundary conditions that describe strain gradient 
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plasticity. While this slip distance is generally approximated as the grain diameter (i.e. ≅ ), it is useful to describe GNDs in terms of the slip distance so that the relation 
may be applied to additional conditions described in Figure 19. The slip distance is 
considered to be effectively constant with respect to strain, resulting in a logarithmic 
increase in  as a function of strain.  on the other hand, is the result of dislocation 
multiplication interactions and the rate of increase changes depending on the 
microstructure and the extent of strain. A graphical description of the evolution of GND 
and SSD densities is shown for copper in Figure 21. 
 =  (33) 
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Figure 21 - Plot of the density of statistically stored dislocations (SSDs) in a copper single 
crystal (hatched) and polycrystal (dotted). Geometrically necessary dislocations (GNDs) show a 
series of parallel lines that is dependent on an assumed microstructural length scale, �, 
determined from Equation (33). Used with permission from [74]. Single crystal copper data 
from Basinski and Basinski [198] 
 
There is great difficulty in predicting dislocation density as a function of strain, in part, 
because of the stochastic nature of accumulating SSDs in the microstructure. However, 
the number of GNDs quickly engulfs the total dislocation content as the geometric slip 
distance, , decreases, especially in the sub-micrometer range. 
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The versatility of strain gradient plasticity theory in describing physical phenomena 
associated with length scales and constrained plasticity has become apparent over the last 
several decades. As a result, several mathematical models have been developed to impose 
strain gradient plasticity onto traditional continuum plasticity models. An effective 
review of many of the mathematical advancements in this theory has been provided by 
Zhang and K. E. Aifantis [195] and some of the highlights will be covered here. Several 
years after the Ashby description of strain gradients in non-homogeneous plasticity, a 
mechanics-based description was independently formalized by E.C. Aifantis [199]. This 
theory also accounts for several important deviations from continuum mechanics that are 
observed in real world materials. Interestingly, the models developed by Aifantis, were 
originally intended to describe shear banding phenomena [191]. Additional formulations 
were provided to give a thermodynamic framework for strain gradient plasticity theory 
[200-202] and the principle of work include higher order terms to the account for 
hardening imposed by pre-existing lattice curvature (i.e. dislocations) without having the 
requirement to generate curvature and hardening effects directly through the 
accumulation of strain [203]. These advancements help to tune the accuracy of strain 
gradient plasticity to fit more detailed problems, but the original theories of Ashby and 
later phenomenological models [78, 184] provide a sound framework for assessing the 
interactions between length scale, strain, and dislocations. 
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CHAPTER 3. METHODS 
Grain refinement is critical to developing the instabilities that promote plastic instabilities 
in ufg BCC metals. There are numerous ways of reducing grain size, but it is important to 
realize that the processes used to achieve a particular grain size in bulk ufg metals have 
significant implications for the microstructure and dislocation structure that is achieved in 
the final product. For unknown reasons, ufg BCC metals that were produce by powder 
consolidation routes showed a higher propensity for shear band formation at a given grain 
size. The focus of this research was to understand the criteria for shear band development 
in ufg tungsten produced from bottom-up, powder metallurgical processes.  
Mechanical testing was performed using a variety of methods to investigate the plastic 
behavior of ufg tungsten. Compression testing was performed at quasi-static and dynamic 
rates to investigate the susceptibility of powder metallurgical materials to shear band 
formation. In certain cases, 2D digital image correlation (DIC) was used to map strains 
during shear band formation. Additional mechanical characterization was carried out 
using nanoindentation (AKA instrumented indentation) to assess the strain rate sensitivity 
and local plastic behavior of materials. Finally, materials were analyzed “post-mortem” 
using transmission electron microscopy (TEM), scanning electron microscopy (SEM) and 
electron backscatter diffraction (EBSD) to investigate the microstructure and dislocation 
structure after mechanical testing.  
3.1. Synthesis of ultrafine grained tungsten and tungsten alloys 
The microstructure and properties of ufg metals can vary significantly based on the 
processes used to form them. While the grain size alone can provide a very general 
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description of microstructure, material behavior ultimately depends on the detailed 
relationships between processing, microstructure and properties. This is particularly true 
in the realm of ultrafine and nanograined materials because far-from-equilibrium 
processing techniques offer plenty of opportunities to corrupt the microstructure or 
composition of a material. For example, early work in the field of nanocrystalline 
materials suggested that the modulus was significantly lower than bulk specimens [204]; 
however, later studies verified that residual porosity was the culprit for these deceptive 
results [205]. Some of these challenges in ultrafine and nanomaterial production can be 
avoided with careful control of processes, but many of these fundamental details of 
microstructure are inherent to the processing techniques employed in their production. 
The processing route is particularly critical to understanding the development of plastic 
instabilities and shear bands.  
The production methods employed for ultrafine and nanograined materials generally fall 
into two broad categories: bottom-up and top-down approaches. Bottom-up approaches 
generally rely on powder technologies and tend to have a lower purity as a result of the 
methods employed to produce nanocrystalline powders and consolidate them to full 
density. These bulk ufg materials may also contain significant residual porosity, which 
can have significant implications for the fracture and plastic instability. However, these 
powder metallurgical approaches allow for bulk production, and also offer significant 
opportunities for alloying to improve ductility.  
Top-down methods generally rely on severe plastic deformation to produce materials in 
the ufg regime. These methods have the significant benefit of being carried out in bulk 
and tend to result in higher purity, higher density materials. However, deformation 
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processing of metals develops texture because of the inherently anisotropic behavior of 
dislocation mediated plasticity. Severe plastic deformation generally leads to heavily 
textured materials with non-uniform grain morphologies.  
For this study, ufg metals were primarily produced using powder metallurgical 
processing routes. These bottom-up, powder metallurgical routes relied on a scalable, 
mill, press and sinter approach that is common to high-throughput manufacturing. 
Although top-down, severe plastic deformation is highly effective for producing ufg 
materials, the focus of this study was on ufg materials produced from powder 
metallurgical methods in order to provide a direct comparison to the quasi-static 
localization phenomenon reported by Jia et al. [165] and test the viability of geometric 
shear banding theories. 
3.1.1. Powder metallurgical processing  
The first essential component of this study was to provide a reliable process for 
synthesizing bulk ufg tungsten that demonstrates the shear banding at quasi-static rates. 
The main hurdle was to produce a material with sufficient plastic stability for avoiding 
perfectly brittle fracture during room temperature compression testing. Polycrystalline 
tungsten is reported to have a brittle-to-ductile transition temperature above 500K [8, 97]. 
Furthermore, tungsten is notoriously notch sensitive [96], and the residual porosity that is 
associated with powder metallurgical processing is likely to increase the susceptibility to 
fracture.  
Bulk ufg tungsten was produced from commercially available nanocrystalline powders 
with a crystallite size of 20 nm (measured by x-ray diffraction). As received powders 
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were in the form of hard aggregates with a particle size of ~5-20 µm (measured by 
SEM)). Samples were milled in a Netzsch Mini-Cer bead mill in an organic medium and 
spray dried to achieve loosely agglomerated nanoparticles with an aggregated particle 
size of 1-20 µm. These powders were compacted by cold isostatic pressing and sintered 
to produce bulk ufg tungsten [53]. The process, described pictographically in Figure 22, 
is easily modified to incorporate dopants and alloy additions to improve the plastic 




Figure 22 – Flow chart describing the basic processes for producing bulk ufg tungsten.  
 
Milling, drying and compaction processes were optimized to produce uniform densities 
and minimal defects prior to sintering. The reduction kinetics of residual tungsten oxides 
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were studied in great detail in order to improve the density and purity of the final product 
[53]. Finally the kinetics of grain growth and densification were investigated to optimize 
the microstructure of sintered ufg tungsten [206]. These processing methodologies are 
well suited for producing tungsten with a grain size of 100-500 nanometers and densities 
that range from 90-99% of the theoretical density. Higher sintering temperatures led to 
higher density materials, but also resulted in larger grain sizes. 
Several ufg alloys were formulated with dopants to improve grain boundary cohesion 
(Boron) [207, 208] and alloy additions to improve dislocation mobility at room 
temperature (Rhenium) [19-21, 209] in order to identify the critical causes of brittle 
fracture in polycrystalline tungsten. Rhenium (-325 mesh, 99% purity, Rhenium Alloys) 
and amorphous boron (-325 mesh, 98% purity, Alpha Aesar) powders were used as 
feedstock additions.  
Careful control of the microstructure to eliminate processing defects and minimize 
residual porosity, allowed for the first reported demonstration of shear banding in a 
tungsten-rhenium alloy tested at quasi-static rates [53]. More recent efforts, carried out 
over the course of this current research study, demonstrated that reliable shear banding 
may be observed in unalloyed tungsten as well. This is further validation of the 
susceptibility of ufg metals to shear banding, which was originally reported by Jia et al. 
[165] for pure iron. The materials produced for this study, to investigate these 
mechanisms of shear banding behavior, were engineered to have a grain size of 
approximately 250 nm and densities exceeding 95% of the theoretical density of tungsten 
based on sintering at a temperature of 1400 °C for 30 minutes. 
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3.2. Mechanical testing of ultrafine grained tungsten 
In an effort to identify the causes of shear band formation, several mechanical testing 
methods were employed to provide a detailed view of the mechanical behavior and 
plastic instabilities of ufg tungsten. Compression testing under quasi-static conditions 
was performed in conjunction with digital image correlation (DIC) techniques [210-212] 
to map the strain fields associated with testing. Instrumented indentation [213-215] was 
used to and assess local mechanical properties of ufg tungsten before and after shear 
banding, and strain rate sensitivity was assessed according to the methods of Maier et. al 
[216]. High strain rate mechanical testing was performed in collaboration with colleagues 
at the US Army Research Laboratory using an instrumented split Hopkinson compression 
bar [217]. 
3.2.1. Compression testing  
Mechanical test samples consisted of cubes that were approximately 2mm in length. 
Later tests were slightly elongated (0.1-0.2mm) along the compression axis in order to 
minimize the effects of confinement during shear banding. Samples were cut to the 
prescribed geometry by electrical discharge machining and most samples were 
mechanically polished on successively finer silicon carbide papers to 1200 grit, and 
finished with diamond lapping compound down to a 1µm finish. However, several 
samples were prepared with a 1200 grit finish to allow for strain mapping by digital 
image correlation (DIC) of the native sample surface.  
Quasi-static mechanical testing was performed using MTS or Instron servohydraulic load 
frames with 5,000 lb. load cells. Highly polished tungsten carbide platens were lubricated 
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with MoS2 in order to minimize friction during testing. In some cases, strain was 
calculated from displacement based on a linear variable differential transformer to 
minimize issues with machine compliance. Other strain measurements utilized digital 
image correlation (DIC) in order to observe the strain behavior throughout the surface of 
the specimen.  
The fine length scales and high propagation velocities of shear bands create some 
difficulty in finding suitable measurement techniques to measure the temporal and spatial 
distribution of strain within a material, but 2D DIC [210-212, 218] provides an effective 
method for investigating the strain evolution in shear banding materials during 
mechanical testing. Images were acquired using a 2.0-megapixel camera at a resolution of 
2.0-2.5 µm per pixel, and at a frame rate ranging from 1-10 frames per second (FPS). 
Higher frame rates (~100FPS) were used to investigate shear band initiation, and 
propagation velocities. DIC of local displacements and strains were performed using a 
MATLAB based code developed by Christoph Eberl [210], or VIC 2D (Correlated 
Solutions, Inc.). The Eberl code appeared to be less sensitive to issues with image 
contrast, and proved useful for preparing stress-strain curves for samples with a native 
surface finish. VIC 2D was used for all of the strain mapping, which was carried out with 
a subset size of 57 pixels and a step size of two. The critical variables for correlating and 
mapping strains in 2D DIC include: camera resolution, frame rate, size, contrast, and 
distribution of the optical pattern on the sample surface, and computational details used in 
tracking of displacement based on cross correlation methods and the conversion to strain 
based on the various 2D strain descriptors. DIC is capable of achieving sub-pixel 
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resolution [219] in the measurement of strain and reasonably accurate strain maps may be 
captured using macroscopic imaging techniques.  
High rate compression tests were conducted at the US Army Research Laboratory [53] 
using a 9.5mm diameter maraging steel (Vascomax C350) split Hopkinson bar with 
copper pulse shapers to provide better resolution during the linear elastic region and early 
yield point. Tungsten carbide platens and MoS2 lubricants were employed in a fashion 
similar to quasi-static testing. Images were taken during a few of the tests using a DRS 
Hadland Imacon 200 high-speed digital camera; however, the resolution was not 
sufficient for DIC analysis of strain.  
3.2.2. Nanoindentation  
Indentation tests were performed on an Agilent Technologies G200 Nanoindenter system 
using a three-sided, Berkovich diamond indenter. Indentation was performed using the 
continuous stiffness method developed by Oliver and Pharr [220] for depth-sensing 
indentation machines. The indenter tip contact area was approximated based on 
indentation into a fused silica standard, which is amorphous and displays no considerable 
depth effect to the measured hardness [187]. Machine compliance was also accounted for 
based on stiffness measurements of the silica standard. Properties were analyzed at 
depths greater than 200 nm in order to minimize the errors associated with tip area 
calibrations. Indentation depths were generally limited to less than 2000 nm because of 
the high strength of ufg tungsten and load limitations of the nanoindentation apparatus.  
Strain rate sensitivity was measured using indentation jump tests according to the 
methods described by Maier et al. [216, 221]. The jump tests show significant 
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improvement over constant strain rate measurements by reducing thermal drift associated 
with long indentation times [222]. The measurement of strain rate sensitivity has a 
fundamental underlying assumption that the microstructure and dislocation structure is 
the same for each strain rate. Jump tests are particularly useful for minimizing the 
influence of dislocation structure accumulated over the course of indentation. Hardness 
was measured at an effective strain rate from 0.025 – 0.0025/s.  
3.3. Assessment of shear banding mechanisms  
In order to assess the physical mechanisms for shear band formation, it necessary to 
assess critical features related to shear band formation. In particular, the temperature, 
strain, strain-rate and texture inside of the band are important for distinguishing the 
potential causes of strain localization. In several instances, shear bands have a 
characteristic amount of strain before the plastic instability develops, or a characteristic 
width that describes the rate dependent behavior of the materials [69].  
3.3.1. Microstructural analysis  
Before testing, microstructural analysis is a critical component for assessing the 
susceptibility to shear band formation. Polycrystalline tungsten tends to be extremely 
brittle at room temperature, and the presence of macroscopic processing defects 
ultimately leads to brittle fracture before shear banding can occur. To assess the 
uniformity of microstructure, and identify the presence of processing defects, 
metallographically polished, and intentionally fractured specimens were examined by 
SEM. Metallographic specimens were prepared by mechanically polishing on 
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successively finer silicon carbide papers to 1200 grit, followed by successive lapping 
with 9, 3, and 1µm diamond suspension applied to a lapping pad. To highlight grains, the 
traditional Murakami solution [223] for etching tungsten proved too aggressive, and 
superior results were achieved by finish polishing with a ChemoMet, colloidal silica 
based attack polish (Buehler North America). As an additional measure, specifically to 
look for macroscopic processing defects, samples were intentionally fractured and the 
fracture surfaces were characterized with a scanning electron microscope. Microstructural 
analyses were performed on a Hitachi 4700, or FEI Nano600, high resolution scanning 
electron microscope (SEM).  
3.3.2. Microscopic evaluation of strain inside of shear bands 
Shear bands were analyzed predominantly in the as-tested condition, as surface 
preparation generally obscures the details of the shear band. Analysis was performed on 
an Olympus LEXT OLS 3100 scanning confocal microscope. Additional microstructural 
analyses were also performed by scanning electron microscopy (SEM) using Hitachi 
4700 and FEI Nano600 high resolution scanning electron microscopes. Image analysis 
was performed using Image J v1.5n image analysis software [224, 225].  
One of the most descriptive features of a shear band is the shearing strain that 
accumulated during propagation of the band. If preexisting scratches intersect a shear 
band, they will be displaced by an angle that is indicative of the relative amount of 
shearing inside of the band. If the region outside of the band is undeformed, this provides 
an indication of the total shear strain within the band. The shear strain may be calculated 
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based on the angle a scratch is displaced entering and exiting the shear band as described 
by Equation (34) 
 = ta� + − ta�  (34) 
where  is the engineering shear strain inside of the deformation band,  is the angle 
describing the deflection of the scratch, and  is the angle of the scratch with respect to 
the shear band normal. The strain can be measured directly from where the shear band 
intersects the surface of the sample as shown in Figure 23.  
 
Figure 23 – Measurement of shear band width, and measurement of strain based on 
preexisting scratches that traverse the band; a) raw data collected by ImageJ, and b) the 
estimated angle of deflection ( ��), shear strain ( ��), and width ( ��) of a shear band. 
3.3.3. Temperature of shear bands  
Knowing the temperature rise associated with strain localization is critical to 
understanding the formation and propagation of shear bands [226-228]. An interesting 
method for assessing the temperature rise at the surface of a shear band was utilized by 
Lewandowski and Greer [228] to determine the temperature rise associated with shear 
band formation in bulk metallic glasses. Samples were deposited with a fusible tin 
coating on the surface. When the surface temperature exceeds the melting point of the 
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coating, local melting is observed. Microscopic analysis after deformation can provide a 
description of temperature contours with very high spatial resolution, exceeding the 
capabilities of IR imaging techniques. An example of the fusible coating technique, and 
the local melt pools that are formed as a result of deformation are shown in Figure 24. 
 
Figure 24 – Fusible tin coating on the surface of a bulk metallic glass a) as deposited and b) 
after local melting, from [228]. 
 
A preliminary estimate on the temperature rise of a shear band in ufg tungsten shows that 
the temperature may not exceed 225 °C, even under perfectly adiabatic conditions. This 
temperature rise is not high enough to definitively melt tin (Melting Point (MP) = 232°C), 
so an indium coating (MP = 157°C) was applied to determine the temperature and 
temperature profile around shear bands. 
The temperature of the shear band may also be estimated based on the strain, and strain 
rate inside of the band. The shear banding process is highly dynamic with strain and 
strain rate continually changing throughout the deformation process. Digital image 
correlation provides a reliable method for in-situ measurement of the strain field 
development inside of shear bands during mechanical testing. These methods can help to 
identify the local strain rates to determine whether adiabatic mechanisms play a role in 
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shear band development. The small size and highly dynamic nature of shear banding 
creates some challenges in acquiring reliable strain information from localized features, 
but comparing high speed DIC measurements to post-mortem microscopic evaluation of 
shear bands can provide an effective method for determining the local plastic behavior of 
ufg tungsten. 
3.4. Texture and microstructure inside of shear bands.  
Measuring texture development is critical to understanding shear band formation, 
particularly as it relates to the “geometric” shear banding mechanisms. Orientation 
imaging microscopy by electron backscatter diffraction (EBSD) provides a unique tool 
for investigating the local textures, such as those developed inside of shear bands. 
Furthermore, this method may be used to assess dislocation structure based on the 
assessment of GNDs from measured local lattice curvatures. TEM may also be used to 
analyze changes in microstructure and texture associated with the formation and 
propagation of shear bands. The length-scales associated with plastic instabilities and 
shear banding are actually quite large in comparison to the regions imaged during TEM 
studies. EBSD was used as the predominant method for characterizing texture and 
deformation structure, and TEM played a supporting role in validating the observations 
from EBSD. 
3.4.1. Electron backscatter diffraction (EBSD) 
Sample preparation for EBSD consisted of electropolishing with a Struers Lectropol-5 
electropolishing system. The electrolyte was composed of 2 wt% NaOH in water 10 wt% 
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glycerol added as a thickening agent for improved film formation. Electropolishing was 
carried out at a voltage of 10V and a moderate level of electrolyte flow, resulting in a 
uniform polishing rate of approximately 10 µm per minute. Pattern acquisition was 
performed in a FEA Nano600 SEM with an EDAX Hikari camera. An acceleration 
voltage of 20 kV and a probe current of 2.1 nA was used for all acquisition. A square 
mapping grid, with a step size of 20 nm was employed for pattern acquisitions in order to 
provide approximately 10 linear data points of orientation information for each grain in 
these ufg samples. 
EBSD is a technique for mapping crystallographic orientation of materials within a 
scanning electron microscope. The method utilizes Kikuchi diffraction patterns, 
generated by coherent backscattered electrons, to determine the orientation of a 
crystalline material [229, 230]. In general, EBSD requires the sample to be inclined with 
respect to the electron beam (typically at 70°) in order to increase the yield of 
backscattered electrons that are captured on a phosphor screen that is placed a few 
centimeters away from the sample. The phosphor screen is imaged with a low light CCD 
camera. A schematic of the common experimental conditions for capturing EBSD is 
shown in Figure 25. 
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Figure 25 – Experimental setup for electron backscatter diffraction measurements. Modified 
from Wilkinson [80]. 
 
The spatial resolution of EBSD, defined by the physical volume that provides 
backscattered electron signal, is generally considered to be less than 100 nm [230]. This 
signal is a function of the acceleration voltage and diameter of the electron beam, and the 
electron interactions within the sample itself. In general, the physical resolution is 
actually larger than the effective resolution, which can be described as the ability to 
distinguish between neighboring points of unique orientation. The effective resolution is 
actually a function of the software algorithms used to solve for the orientation [231]. The 
effective resolution on a copper sample at 20 kV using a field emission gun is 
approximately 20 nm [229]. The tilted sample geometry may also result in a factor of 
three decrease in spatial resolution in the y-direction (described in Figure 25). 
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EBSD maps were processed and presented without employing orientation filtering (e.g. 
Kuwahara filtering, confidence index filtering, etc.) in order to preserve the fidelity of the 
data. Traditional EBSD mapping algorithms were used for analyzing data. In particular, 
kernel average misorientation (KAM) (first nearest neighbor, five-degree maximum 
threshold) was used to estimate misorientation within grains. The grain tolerance angle 
was measured using the grain orientation spread (GOS) technique to highlight regions of 
large deformations (i.e. shear bands). Details of these techniques have been reported by 
Wright et al. [81]. 
The angular resolution of the EBSD method is also highly sensitive to the computational 
algorithms used to index orientation (or differences in orientation). The traditional, 
automated, EBSD acquisition and indexing methods, involving the Hough transform, 
have a reported resolution limit around 0.009 radians (~0.5 degrees) [229]. Cross 
correlation analysis methods has been reported to improve the angular resolution to better 
than 10-4 radians (~0.006 degrees) [232], which is helpful for reducing the background 
noise for calculation of geometrically necessary dislocations.  
The speed of acquisition and indexing is an important, but often overlooked factor that 
has an indirect influence on both the spatial and angular resolution of EBSD. Long dwell 
times can lead to surface contamination and drift, leading to systematic errors in the 
angular and spatial resolution respectively. This is of particular concern at fine step sizes, 
approaching the theoretical limits to EBSD spatial resolution.  
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3.4.1.1. Assessment of the dislocation tensor  
The basis lattice curvature as a description of geometrically necessary dislocations has 
been established in continuum mechanics since the 1950s [190, 233, 234]. Using the 
method of El Dasher et al. [235] The fundamental equation for continuum dislocation 
theory relates the dislocation tensor ( ) to the elastic distortion tensor ( ) [234]. 
 =  (35) 
This relation may be simplified to describe the dislocation tensor in terms of the 
infinitesimal gradients in elastic strain ( , ) and lattice orientation ( , ) [236], allowing 
the dislocation tensor to be written as: 
 = , + ,  (36) 
where  is the permutation tensor.  
A critical assumption for Nye’s original formulation of the dislocation tensor [190] is that 
plastic components, leading to reorientation of the lattice (i.e. , ) are large in 
comparison to the elastic strains ( , ), a criterion that should hold true in the absence of 
long range elastic stress fields (an assumption that was also applied in Ashby’s 
description in Figure 18). Applying this assumption results in Equation (37), a foundation 
for describing the geometrically necessary dislocation content of a material. 
 = ,  (37) 
 
The dislocation tensor may be used to describe a network of dislocations of specific types 
by explicitly accounting for the Burgers vector (�  and the sense vector (�  for each 
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independent dislocation character ( ). The dislocation tensor may then be described as a 
summation of all dislocation types ( ) that are present to describe the local lattice 
curvature, according to Equation (38). 
 =∑ � ⊗�  (38) 
3.4.1.2. Geometrically necessary dislocations by EBSD  
One significant issue with measuring dislocations by EBSD lies in the simple fact that the 
Nye tensor (Equation (38)) is inherently three dimensional, while the EBSD is a surface 
measurement technique. This feature results in the fact that only five of the nine 
components of the Nye tensor can be accessed by mapping orientations in a 2D space. 
The accessible components of the Nye tensor are described in Figure 26 [237]. 
Furthermore, dislocations may relax during sample preparation and migrate to the free 
surface and annihilate. This artifact has been modeled by dislocation dynamics 
simulations to show a significant reduction in the dislocation density of copper at a range 
of 50nm from the surface [238], the region contributing to the bulk of the backscattered 
electron signal. Finally, there is a possibility that some of the dislocations will not 
contribute to the overall lattice curvature (i.e. statistically stored dislocations), and 
therefore not contribute to the measured content. All of these features tend to reduce the 
measured density of dislocations compared to the measured density. Therefore, the Nye 
tensor, as measured by EBSD, provides the lower bound estimate for dislocation content 





Figure 26 – Schematic describing the measurable components of lattice curvature by EBSD 
and correlation of curvature to specific components of the Nye tensor. b) Mapped components 
of the Nye tensor in a deformed aluminum alloy. [237] 
 
The density of GNDs is highly sensitive to the step size in a number of ways [239]. First, 
the total number of dislocations that are lead to lattice curvature and are considered 
geometrically necessary depend on the actual step size because dislocation dipoles will 
not result in a change in lattice curvature if they lie between two successive steps. In 
essence, all dislocations would become geometrically necessary if we could probe 
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misorientations at a fine enough scale. This concept is presented very clearly in the work 
of Arsenlis and Parks [240].  
This basic description of the dislocation tensor allows a specific lattice curvature to be 
ascribed to a specific dislocation content. However, there is no unique solution for the 
types of dislocations, and their respective densities, to account for any specific curvature 
[240]. This is particularly apparent for high symmetry crystal structures where there is an 
abundance of dislocation types to choose from to describe the observed lattice rotations 
[235]. A minimization scheme (e.g. based on the total length or energy of dislocations) 
must be employed to provide an estimate for the specific dislocation content associated 
with a prescribed curvature [240, 241].  
There are several methods in the literature for approximating the density of geometrically 
necessary dislocations based on EBSD measurements [79, 232, 235, 237]. From a 
practical applications standpoint, the dislocation density may be acquired using two 
distinct techniques that will be described as the KAM GND, and Nye GND methods. 
Both of these approaches are based on assessing local misorientations and attributing 
those orientations to the scalar value of dislocation density. The KAM GND method 
provides a rough estimate of the dislocation density without consideration of the specific 
crystal system (only the Burgers vector). The Nye GND provides an estimate based on 
the norms of the accessible components of the dislocation density tensor (Figure 26). 
A rough order of magnitude approximation can be made based on the misorientation 
angles between adjacent pixels [79]. This approach was originally applied by Kubin and 
Mortenson [242] to assess a GND array of screw dislocations based on the misorientation 
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between neighboring elements. The method is effectively the same as Franks description 
[156] of a low angle grain boundary as an array of dislocations according to Equation 
(39).  
 � =  (39) 
Where  is the misorientation between adjacent grains, and  is the step size. While this 
method was developed based on the assessment of screw dislocations at a twist boundary, 
a simple tilt boundary can provide the same degree of misorientation with edge 
dislocations at half the density [243]. A simple parameter, described as the kernel average 
misorientation can provide a crude estimate for the average misorientation at a single 
measured point [79].  
For the second method for determining the number of GNDs, the lattice misorientations 
may be more rigorously attributed to the specific, measurable components of the Nye 
tensor (see Figure 26). El-Dasher et al.[235] showed that the entrywise 1-norm of the 
dislocation tensor can be used to estimate the overall dislocation density without directly 
attributing the density to the specific individual types of dislocations according to 
Equation (38). 
 � = = ‖ ‖ ≈∑∑| | (40) 
where ‖ ‖ is a scalar quantity representing the entrywise 1-norm of the dislocation 
tensor, or the sum of the magnitudes of each accessible component of the Nye tensor (i.e. ‖ ‖ = | | + | | + | | + | | + | |  . However, there is still considerable error that 
results from the missing components of the tensor. To account for this difference, it is 
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common to multiply the result from Equation (40) by a factor to represent the total 
quantity of GNDs in the inaccessible components of the Nye tensor [244].  
 � = = 9‖ ‖ = 9 | |  (41) 
 Where | |  is a scalar quantity that represents the average of the absolute values for all 
accessible components of the Nye tensor. Several researchers use this method to evaluate 
the density of dislocations [237, 243, 245]. Ruggles [246] showed that this method was 
fairly well suited as a general technique for converting the Nye tensor to a scalar measure 
of the dislocation content.  
Angular resolution is the most important concern for measuring dislocation density, as 
this is the major factor that would prevent EBSD measurements from providing the lower 
bound threshold of the total dislocation density. The effect of noise is magnified based on 
the step size chosen for EBSD measurements; for a fixed amount of angular uncertainty, 
there is a noise threshold where actual density of GNDs cannot be distinguished from the 
background [247]. This density of spurious dislocations, associated with the lower 
threshold for measuring GNDs may be described according to Equation (42) [244], which 
is essentially the same as the measurement of KAM GNDs (Equation (39)). 
 =  (42) 
where  represents the angular resolution of the measurement. The angular resolution of 
pattern indexing based on the Hough transform (i.e. conventional EBSD) is often cited to 
be ~0.5° [248]. In the case of ufg tungsten, measured with a step size of 20 nm, the 
density of spurious dislocations is approximately 1.59*1015 m-2. Based on a preliminary 
analysis of strain in side of the shear band ( = . ), the Ashby prediction for the 
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dislocation density (Equation (33)) estimates the dislocation density to be 2.51*1016 m-2, 
for a grain size of 250 nm. This density of spurious dislocations should not have an effect 
on the dislocation densities measured inside of a shear band, but it is expected that there 
will be errors associated with angular resolution in undeformed regions of the sample.  
When the threshold GND (i.e. density of spurious dislocations) is close to the measured 
values for GNDs, it may be important to correct for the spurious dislocations using the 
concept of a signal to noise ratio that was outlined by Konijnenberg et al. [243]. The 
signal to noise ratio ( = ( / ) ) can be accounted for in a corrected measurement 
of the dislocation density. 
 � = � √  (43) 
Improving the angular resolution of the EBSD technique is important for accessing the 
true dislocation density at fine step sizes, particularly in undeformed samples. High 
angular resolution EBSD (HREBSD), originally introduced by Troost et al. [249] and 
developed extensively by Wilkinson et al. [80, 232, 241], can be used to improve the 
angular resolution to ~0.01°, allowing for a significant improvement to the resolution for 
measuring GNDs. 
3.4.1.3. High angular resolution EBSD (HREBSD) 
HREBSD uses cross correlation methods to determine the elastic stresses and pattern 
rotations in comparison to “standard” reference patterns. The reference pattern may be 
calculated by computational means or acquired in regions of minimal strain (generally 
based on kernel average misorientations (KAM) or image quality (IQ). The image 
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correlation technique is used to compare twenty evenly spaced regions of interest (ROI) 
to the same regions in the reference pattern; a minimum of four regions are required to 
actually solve for the strain, but the redundant data can help to minimize errors. Each 
ROI is processed by a fast Fourier transformation (FFT) routine to remove high and low 
frequency noise from the diffraction patterns. An example of a standard EBSD pattern, 
the regions of interest used for correlation and the Fourier filtering are shown in Figure 
27. The high and low bandpass filters were selected at five and twenty pixels respectively 
based on the general recommendations described by Jiang et al. [247]. 
 
Figure 27 – HREBSD pattern preparation. Part a), shows the twenty overlapping patterns used 
for cross-correlation. The FFT pattern of the center ROI (0) is shown in b), along with the 
high, and low frequency band-pass filters employed for image processing, while c), shows the 
back-transformed image that is used for cross-correlation. 
 
The cross-correlation of ROIs at different positions of the Kikuchi pattern allows for the 
displacement and elastic strain to be calculated. Although the process of cross-correlation 
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is computationally expensive compared to the Hough transform for determining 
orientation, the potential improvements in the resolution of misorientations and GNDs in 
general are significant. Similar to traditional digital correlation used in strain mapping, 
the method can provide “sub-pixel” accuracy [218, 250] in correlating between patterns, 
which allows for a precise accounting of crystal rotations and elastic strains. 
An estimation of the strains makes it possible to estimate components of the Nye tensor 
that are generally considered inaccessible via conventional EBSD (Figure 26). However, 
the 2D nature of acquisition will still influence the reliability of various components of 
the elastic strain tensor. Additional improvements over the original algorithm include a 
“robust” iterative fitting method that can accurately determine large lattice rotations 
[251]. and a method of “remapping” to account for finite strains [252] instead of the 
infinitesimal strains utilized in the original Wilkinson, Meaden, and Dingley (WMD) 
method [232]. Dislocation density was estimated from the plastic strains using an L1 
(least absolute error) optimization to minimize the total energy of dislocations as 
described by Wilkinson and Randman [241]. The character of dislocations was weighted 
based on the variation in energy between edge and screw dislocations according to / �  =  / − , where  is Poisson’s ratio.  
For all assessments of GND, dislocations were only considered on { } type planes 
[253] and all dislocations had an equivalent magnitude of the Burgers vector (0.274 nm). 
For conventional EBSD (i.e. using only the Hough transform for indexing) patterns were 
acquired at a speed of ~ 80-100/s with 5x5 binning in an effort to minimize drift and 
beam contamination during acquisition. High angular resolution EBSD patterns were 
acquired at a frame rate of ~2/s with a 2x2 binning of the pattern images. The to assess 
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the dislocation density of dislocations within the sample, EDAX OIM Analysis software 
v7.1 [254] was used for analyzing traditionally indexed (Hough transform) orientation 
maps. The dislocation density was calculated based on kernel average misorientations 
(KAM GND), solution of the Nye tensor (Nye GND) using ATOM – Analysis Tools for 
Orientation Maps v2.14 [255]. Additional measurements were performed by HREBSD 
using CrossCourt 4.25, high angular resolution EBSD software based on the cross 
correlation function based on the WMD method [232].  
 
Figure 28 – Tungsten EBSD patterns showing the relative size and quality of patterns acquired 
at rates of a) ~100/s, b) ~1/s and, c) ~0.25/s. Higher resolution improves angular resolution of 
indexing for both Hough and cross-correlation (WMD method) analyses. However, long dwell 
times may lead to drift and carbon deposition. Region c) also shows the regions of interest used 
in FFT based cross correlation methods. 
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3.4.2. Transmission electron microscopy (TEM) 
Transmission electron microscopy (TEM) samples were prepared using conventional 
focused ion beam (FIB) lift-out techniques for TEM preparation [256], on a FEI Nano600 
dual-beam FIB/SEM . Alternatively, TEM samples of shear bands were prepared by 
wafering post-mortem test specimens to a thickness of ~200µm. Samples were polished 
on each side to approximately 100µm and thinned to transparency by electropolishing in 
a Fishione Twin Jet Electropolisher. The electrolyte solution (2wt% NaOH in water) was 
placed in an ice water bath and polished to perforation. TEM was performed on a JEOL 
2100F field emission microscope with 200kV acceleration voltage. Samples were 
analyzed primarily in bright field and high angular annular dark field modes. Assessment 
of the dislocations density was performed using scanning transmission electron 
microscope (STEM) mode using a high angular annular dark field (HAADF) detector. 
Imaging of dislocations with the HAADF detector improves fidelity by reducing the 
constraints of the ⃑ ∙ ⃑  invisibility criteria [257]. TEM observations helped to validate the 




CHAPTER 4. RESULTS 
Ufg tungsten, synthesized using bottom-up sintering methods, was tested to understand 
the influence of microstructure and alloying on plastic instabilities and shear band 
formation. Dozens of powder metallurgical samples were tested by compression at quasi-
static and dynamic strain rates to identify the onset of shear band formation. EBSD, 
TEM, and nanoindentation were used to examine microstructural features that lead to the 
development of plastic instabilities and shear localization.  
4.1. Synthesis of ultrafine grained tungsten and tungsten alloys 
In order to demonstrate shear banding behavior in ufg tungsten, an empirical processing 
study was carried out in collaboration with a number of colleagues at the US Army 
Research Laboratory. Over 240 individual milling trials were carried out, and hundreds of 
sintering runs were evaluated. The resulting catalog of over 1,000 samples has a wide 
range of physical and mechanical properties. In general, these processing studies 
demonstrated materials with grain sizes as fine as 100nm at a density of 17.4 g/cc (90% 
of the theoretical density of tungsten). The strengths of these materials ranged from 2.5-
4.2 GPa depending on the specific composition and processing conditions. To put this in 
context, the ECAE samples processed by Wei et al. [36] had a strength of 1.7 GPa, while 
the “super-strong” tungsten produced by HPT [37] had a maximum strength of 3.1 GPa 
under quasi-static testing conditions. 
This research is focused on the specific mechanisms of shear band formation in ufg 
tungsten. While the specific details of these processing efforts are beyond the scope of 
this discussion, the end result of an extensive, albeit largely empirical processing study, 
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was a reproducible method for processing tungsten to demonstrate shear banding both at 
quasi-static, and dynamic strain rates. Even unalloyed tungsten, which has a reported 
ductile to brittle transition temperature above 500K [8], demonstrated sufficient ductility 
to fail by shear banding at room temperature. Although, fracture does occur along the 
length of the shear band, the local shear strains observed inside of the band are on order 
of 0.4 prior to fracture. These materials provided a viable means to test the mechanisms 
of shear banding observed in ufg BCC metals.  
Although grain size is a critical consideration, the goal of this research was to provide 
tungsten-based materials that reliably demonstrated a high degree of plastic instability 
and shear banding in a similar fashion to other ufg materials [165, 166]. In order to 
minimize the occurrence of brittle fracture that tends to result from porosity, higher 
density materials, greater than 18.3 g/cc (95% of theoretical density), were used for 
mechanical testing. Sintered tungsten samples with uniform microstructure (e.g. limited 
macroscopic defects that occur during pressing), and grain sizes of 250-300 nm were able 
to demonstrate shear banding reliably. With the exception of high strain-rate mechanical 
testing, all of the materials came from a single sintering run, with multiple (12-15) test 
specimens cut from the same material.  
4.1.1. Unalloyed ultrafine grained tungsten (Unalloyed ufgW) 
SEM images of polished and intentionally fractured surfaces in Figure 29, show a highly 
uniform microstructure that is free from macroscopic processing defects at low 
magnifications. Higher magnifications show significant porosity; however, pore sizes are 
fine and evenly distributed throughout the microstructure. The grain size (measured by 
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EBSD) was 273 ± 101 nm, and density (by the Archimedes method) was 18.6 g/cc 
(96.2% of theoretical density).  
 
Figure 29 – SEM images of a sintered ufg tungsten (Unalloyed ufgW) used for compression 
testing. The metallographically polished microstructure was observed in backscatter electron 
mode. 
 
Unalloyed ufgW samples had a tendency to fail by brittle intergranular fracture. These 
samples had low ductility and failed catastrophically very soon after the onset of 
plasticity. In particular, these samples had some difficulty surviving the harsh conditions 
of ballistic loadings, often fracturing before leaving the gun tube during testing. In order 
to suppress brittle fracture, boron and rhenium alloy additions were investigated in 
addition to the nominally pure tungsten samples.  
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4.1.2. Tungsten doped with boron (ufgW-B) 
Boron additions had a significant influence on the fracture behavior of ufg tungsten. 
Small additions (as low as 0.075 wt%) facilitated a distinct transition from intergranular 
to transgranular fracture as shown in Figure 30. Although this transition in failure mode 
has been reported to reduce the ductile to brittle transition temperature of other BCC 
alloys [258], there was no appreciable increase in the plastic strain to failure for the boron 
containing samples. Furthermore, boron additions had the tendency of inhibiting 
densification, resulting in lower overall densities (only 90-92% of theoretical density) 
after sintering. All of the boron containing samples failed in a completely brittle manner, 
and showed no signs of shear band formation. Additional details regarding the influence 
of boron on the microstructure and mechanical behavior of tungsten are provided in the 
Error! Reference source not found. 
 
Figure 30 – Fracture surfaces of a) nominally pure ufg tungsten, showing predominantly 
intergranular fracture and b) ufg tungsten doped with 0.075 wt% boron, showing a higher 
propensity for transgranular fracture. 
4.1.3. Tungsten rhenium alloys (ufgW-XRe)  
Alloying tungsten with rhenium has been shown to significantly improve the room 
temperature ductility of tungsten [18, 259, 260]. Furthermore, rhenium additions did not 
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result in any appreciable changes to the densification behavior of ufg tungsten and 
tungsten-rhenium alloys achieved similar densities and grain sizes to the nominally pure 
tungsten. The microstructure of an alloy with 5 wt% rhenium (ufgW-5Re) are shown in 
Figure 31. Although this sample shows several macroscopic defects (unalloyed rhenium 
inclusions, macroscopic porosity, and non-uniform regions of micro-porosity), the added 
ductility that resulted from rhenium additions showed a strong resistance to fracture, 
without affecting the propensity for shear band formation. This particular sample had a 
grain size of 253 ± 97 nm (by EBSD) a density (by the Archimedes method) was 18.59 
g/cc (96.3% of theoretical density). The microstructure was highly representative 
tungsten rhenium alloys in general, and all of the quasi-static mechanical testing and the 




Figure 31 – SEM images of an ufg tungsten alloy with 5 wt% rhenium (ufgW-5Re) used for 
compression testing. The metallographically polished microstructure observed in backscatter 
electron mode. 
4.2. Mechanical testing 
Ductility is a critical, but somewhat counterintuitive, requirement for shear banding. 
Testing of early sintered ufg samples would often result in fully brittle fracture especially 
for unalloyed tungsten [53]. Fully brittle behavior is easily identified by the axial 
fracture, parallel to the loading direction (as opposed to fracture at a 45° angle, which is 
indicative of a shearing event). This early fracture releases a considerable amount of 
strain energy and generally precludes shear bands from developing. These observations 
were similar to some of the early findings of Wei et al. [68]. In many cases, these brittle 
failures were attributed to with pre-existing defects in the microstructure that could be 
attributed to specific processing conditions.  
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Under the appropriate processing conditions, ufg tungsten is not inherently brittle, even in 
the unalloyed form. These finding have been reported previously by several researchers 
[31, 82] in the case of tungsten processed by severe plastic deformation. For sintered 
tungsten, careful control of milling, pressing and sintering parameters can result in a 
uniform microstructure that can suppress brittle fracture, at least under compressive 
loading. However, these materials are still not very ductile as a result of the fracture that 
occurs, immediately after shear banding. Several dozen mechanical tests were performed 
at quasi-static and dynamic strain rates in order to understand and control this plastic 
instability, and a representative sample is discussed below.  
4.2.1. Quasi-static compression  
Initial DIC studies were carried out on un-patterned samples. Although patterning can 
improve the local resolution of DIC, painting the surface which would interfere with 
direct observation of the shear bands. Unpainted samples showed the number and 
thickness of shear bands with higher fidelity, but relying on the native surface features of 
the samples results in a significant decrease in the strain resolution required for 2D strain 
maps. Two of the samples were tested to small strain, and two to catastrophic failure by 
quasi-static compression using digital image correlation. The results of a single large 
strain compression test of an Unalloyed ufgW sample is shown in Figure 32. Samples 
showed nearly elastic-perfectly plastic behavior; however, this particular sample shows 
the modulus of elasticity deviate from ideal behavior as a result of poor DIC tracking. 
Each of the other three test samples also shear banded. The other sample tested to 
catastrophic failure, failed early, at less than 1% plastic strain. The sample was pulverized 
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and generally not recoverable for any useful microscopic analysis. Each of the 
engineering stress-strain curves of this particular sample showed a steady and continuous 
decrease in load after yielding, this macroscopic strain softening was observed 
throughout the plastic region of the test. Ultimately fracture was observed along the 
direction of the dominant shear bands, accompanied by a catastrophic load-drop. The 
sample was recovered for microscopic evaluation.  
 
Figure 32 – Compression testing of a standard ufg tungsten (Unalloyed ufgW).  
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These tests each verified a general observation that shear bands in ufg BCC metals form 
very quickly after the onset of plasticity. No shear bands were observed during the elastic 
loading portion of the curves, but they are clearly visible at less than 1% plastic strain. 
Several fine shear bands initiate early and travel across the length of the specimen. Shear 
bands initiated at the outside surface, predominantly at the corners, and extended at an 
angle of approximately 45° from the loading direction (though there is some deviation 
from the maximum shearing direction). In later images, shear bands are observed to 
intersect in different regions of the sample. These bands are very narrow (measured to be 
8.2 µm) as shown in Figure 33 and do not appear to be impeded by intersecting bands at 
later stages in deformation. The strain state is highly complex and 3D at these 
intersection points and it is surprising that fracture is not more prevalent, given the 
generally brittle nature of tungsten. The amount of strain inside of three separate bands 
was measured to be 0.38 ± 0.10, and they had uniform thickness within the region 
measured. However, macroscopic views show significant variations in thickness 
depending on the region of interest.  
 
Figure 33 – Images of shear bands in compression tests from Figure 32 taken by a) optical, 
and b) confocal microscopy. Three of the shear bands in b) were measured to have an average 
thickness of 8.2 ± 0.4 µm and a shear strain of 0.38 ± 0.10. 
 
101 
Compression tests of the ufg tungsten-rhenium alloy samples (ufgW-5Re) at quasi-static 
strain rates showed several similarities to the unalloyed ufg tungsten samples. Two 
samples were tested, and a representative stress-strain curve, shown in Figure 34, also 
demonstrated nearly elastic-perfectly plastic behavior with shear bands initiating very 
soon after the onset of plasticity. These curves did show a minor degree of strain 
hardening; however, this hardening did not prevent several shear bands from forming and 
propagating across the specimen. The ufgW-5Re sample did not show a load drop, or any 
evidence of catastrophic failure during the test, and this specimen was also recovered for 
microscopic analysis.  
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Figure 34 – Compression testing of an ufg tungsten alloy with 5 wt% rhenium (ufgW-5Re).  
 
The morphology of the shear bands appears similar to those in the unalloyed, ufg 
tungsten (Unalloyed ufgW), except that several of the bands are slightly thicker (upwards 
of 30 µm) as shown in Figure 35. Several shear bands also show some degree of “out of 
plane” deformation, which could affect the accuracy of 2D strain analyses, both by DIC 
and post-mortem measurement. 
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Figure 35 – Confocal microscope images of shear bands from the ufgW-5R alloy (Figure 34). 
A macroscopic image of the shear bands is shown in a), while b) shows a higher magnification 
image of a dominant band that initiated from the lower right corner with the shear band 
highlighted by dashed lines. The shear largest shear band in a) was measured at four points 
along the length of the band. The thickness of the band measures 34.9±9.1 µm, while the shear 
strain measures to be 0.20±0.03. The higher resolution image, b) shows a thickness of 33.7±2.7 
µm with a strain of 0.12±0.04.  
 
Initial tests showed that ufg tungsten and tungsten alloys demonstrated a strong 
propensity for shear band formation. While the tungsten rhenium sample showed 
considerably higher degree of damage tolerance, both samples resisted the brittle axial 
failure that has been repeatedly observed in compression testing of ufg tungsten. Shear 
bands in the Unalloyed ufgW sample appear thinner and more diffuse than those 
propagating the ufgW-5Re sample which exhibited a limited degree of strain hardening. 
Both of these features may be indicative of the relative plastic instability of each material. 
After conducting several preliminary tests describing the extended deformation behavior 
at large strains and quasi-static rates, additional samples were interrupted at very small 
strains in order to provide insight to the early stages of shear band formation in ufg 
tungsten. These used traditional surface patterning techniques (air brush, matte finish, 
white on black acrylic paint) [261] to improve DIC correlations, particularly at small 
strains. This patterning prevented direct observation of the shear bands, but the improved 
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pattern correlation allowed for 2D strain mapping and improved quantification of the 
strains associated with shear banding. The Lagrange method [262], was chosen for 
calculating strains (i.e. relative to the initial configuration). Strains were plotted based on 
the von Mises equivalent strain, because this measure is not dependent on the coordinate 
system. This allows for a better comparison of strains between shear bands propagating in 
different directions, or following curved pathways.  
The stress strain curve for another Unalloyed ufgW sample is shown in Figure 36. 
Similar to the results reported in Figure 32, this sample demonstrated nearly elastic-
perfectly plastic in interrupted tests; however, the shear banding is not as easily observed 
during the initial stages of plastic deformation. The lack of observed shear banding 
behavior may be the result of insufficient resolution that results from averaging over 
multiple pixels to track displacement, and filtering over several displacements to obtain 
the strain. The shear band eventually propagates through the entire sample, even at very 




Figure 36 – Stress strain curves for an Unalloyed ufgW sample interrupted at approximately 
0.4% plastic strain. An anomalous loading feature was detected (likely the result of debris on 
the upper punch head); however, this was corrected by tracking the crosshead displacement by 
DIC and modifying 
 
A similar test was performed to the onset of plastic deformation in a ufgW-5Re sample, 
shown in Figure 37. The sharpness of the shear band is more apparent than the unalloyed 
tungsten tested under identical conditions; however, this may be the result of variations in 
patterning between samples. 
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Figure 37 – Digital image correlation of shear banding in a ufgW-5Re alloy tested under 
quasi-static conditions. 
 
In each of the previous figures (Figure 32-Figure 37) it is clear that the shear band carries 
the bulk of the plastic strain, while the rest of the region remains largely elastic. 
However, it is possible that the strain in these regions is simply masked by the relative 
magnitude of the shear band. In order to verify that the plastic strain is really confined to 
the band, it is possible to use DIC to measure the strain between bands as shown in 
Figure 38. The region between shear bands shows a very slight strain increase at low 
stresses (~500 MPa); however, this region follows the elastic region very closely 
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thereafter. The total strain observed after unloading is less than 0.15%, which is certainly 
not considered yielding in an engineering sense. 
  
Figure 38 – Stress-strain curves from the region between shear bands in the ufgW-5Re sample 
as measured by DIC. Loading Modulus = 372 GPa, Unloading Modulus =417 GPa, Plastic 
Strain = 0.148% 
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4.2.2. Velocity and temperature of shear bands 
The deformation rate is critical to understanding whether a shear band could be adiabatic 
in nature. Low imposed strain rates allow for temperature to equilibrate, and these are 
generally accepted to be isothermal. In theory, for a strain localizing material, the strain 
rate could be considerably higher inside of the shear band, and adiabatic conditions could 
be observed on a local level. Higher rate DIC (~100FPS), was used to investigate the 
propagation velocity and local strain rate of a shear band in order to describe limits of 
deformation rates to determine whether the criterion for adiabaticity is met. The results of 




Figure 39 – Higher frame rate (~100 FPS) acquisition of shear band formation in a ufgW-5Re 
alloy tested under quasi-static conditions.  
 
Over 1,000 images were captured around the yield point, effectively showing the earliest 
measurable onset of a shear band, and the lengths of the shear bands were measured 
according to specific strain levels in successive frames. The velocity of the shear band is 
captured based on the first measurable strain above background. Since this is an indirect 
measurement of the shear band position based on strain levels, the propagation of higher 
strain contours indicates strain development inside of the band as the result of: (1) 
coarsening the thickness of the band, or (2) increasing strain inside of the band, or (3) 
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some combination thereof. The successively higher strain levels propagate at a higher 
“effective velocity” than the original band as shown in Figure 40. In general, these 
velocities are fairly slow in comparison strain data are plotted in terms of the von Mises 
equivalent strain, it is possible to track the initial formation velocity, in addition to an 
“effective velocity” for continued levels of deformation.  
 
Figure 40 – Shear band velocity at initiation, measured by digital image correlation. The 
velocity corresponding to a specific strain contour. Shear band velocity tends to increase 
during the deformation process. 
 
The velocity of a shear band is not solely a function of the prescribed deformation rate, or 
the mechanical properties of the sample. If strain softening occurs, the velocity of a shear 
band can be affected by the testing apparatus itself. The load frame acts like a 
compressed spring, and a frame with a lower effective stiffness stores more energy than a 
stiff frame. The stiffness of the load frame relative to the sample, affects the strain energy 
release rate and the propagation velocity of the shear band [121]. In essence, a frame with 
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a lower stiffness contains more elastic energy at a given load, and will tend to drive the 
shear bands faster than a stiff frame. The velocity of the shear band may also depend on 
the number of bands that are propagating at a given time. Despite these external factors, 
the velocity of a shear band driven at quasi-static strain rates was measured to be less 
than 1 mm/s. By comparison, the velocity of a shear band in a bulk metallic glass has 
been estimated to be approximately . , where  is the velocity of a transverse sound 
wave [263]. In tungsten, this shear band would travel at approximately 289 m/s! 
To further validate, the fact that shear bands do not need to be hot in order to propagate, 
several samples were coated with a fine indium layer via magnetron sputtering. Although 
these samples did not show any signs of melting the control test showed a similar 
morphology of indium particles on the surface, even after heating above 300°C, where 
kinetics favor the formation of an oxide [264]. Figure 41 shows where a shear band 
propagating out of plane intersected the sample surface, with the compression axis in the 
vertical direction. Lewandowski and Greer [228] showed surface melting of a tin coating 
under similar conditions of shear banding in a bulk metallic glass sample.  
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Figure 41 – Shear band formed in a ufgW-5Re alloy that had been sputter coated with a fine 
(~50nm thick by XRD) indium layer.  
 
Ultimately, the test was deemed inconclusive, and the exact temperature rise was 
unknown based on the melt technique. However, a lower bound estimate of the 
temperature can be calculated based on the local strain rates inside of a shear band, and 
the upper bound may be effectively described based on perfectly adiabatic conditions. 
4.2.3. Dynamic compression  
Samples tested at high strain rates (~103/s) were more likely to fail by brittle fashion than 
samples tested under quasi-static conditions. Nominally pure tungsten showed an 
immediate and catastrophic load drop after the onset of yielding. The stress strain curves 
for three Unalloyed ufgW samples are shown in Figure 42. One sample did show signs of 
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an unloading portion of the curve; however, the prior load drop was an indication that the 
sample had already failed in a fully brittle manner. 
 
Figure 42 – Split Hopkinson Bar compression, stress-strain curves for unalloyed ufg tungsten. 
Two samples failed in a brittle manner into a coarse sand, while one sample cracked axially 
and was recovered for microscopic analysis.  
 
After dynamic testing, some of the larger remnants were recovered for microscopic 
analysis. Shear bands were not distinguishable at the surface, and fracture surfaces 
showed that fracture initiated at the outside surface (i.e. not likely a result of internal 
processing defects). Images of the fracture surfaces are shown in Figure 43 show some 
signs of transgranular fracture. Although this is generally reported as a positive sign for 
ductility in tungsten, there was no appreciable ductility, or demonstration of shear 
banding behavior in any of the Unalloyed ufgW samples. 
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Figure 43 – SEM images of fracture surfaces for an Unalloyed ufgW sample tested at high 
strain rates. Beach marks in a) show that fracture initiated in the upper right corner of the 
specimen, at the surface. Arrows in b) show signs of transgranular fracture. 
 
The mechanical testing of ufg tungsten rhenium alloys (ufgW-5Re, ufgW-10Re, and 
ufgW-25Re) fared better during high-rate testing. Each of these samples showed clear 
evidence of shear banding; however, the strain localization did not lead to catastrophic 
failure and elastic unloading was observed. Curves for the ufgW-5Re alloy (Figure 44) 
showed strain softening throughout the plastic region of the test and several samples were 




Figure 44 – Dynamic behavior of ufg tungsten with 5wt% rhenium. The material shows shear 
banding behavior without leading to catastrophic failure, at least over the instrumented portion 
of the test. Several samples failed in large pieces as the result of the bar rebounding after the 
instrumented portion of the test.  
 
One of the ufgW-5Re samples (blue curve in Figure 44) was filmed with a high-speed 
camera during testing. Although the images are of poor resolution, fully formed shear 
bands can be observed during the later stages of testing. A detailed view of this stress 
strain curve is shown in Figure 45. The plastic portion of the curve was captured in less 
than 50 µs, indicating that the conditions of testing were certainly adiabatic. During this 
time, the shear band is able to propagate through the entire sample, which provides a 
lower bound for the propagation velocity of the shear band. In high strain rate tests, the 
propagation velocity of a shear band is at least 57 m/s, over five orders of magnitude 




Figure 45 – High speed imaging (~100,000 FPS) of shear band formation in one of the ufgW-
5Re samples shown previously. The images show shear bands fully traversing the sample in by 
image d); however, the contrast and lighting is poor. A shear band is barely discernable in e), a 
magnified and enhanced image of d). 
 
Shear bands resulting from dynamic testing tend to be thicker and were less likely to 
meander than those observed during quasi-static testing, as shown in Figure 46. Despite 
the higher strain rates, the shear strain inside the bands were not significantly different 
from those measured after quasi-static testing; the strain was slightly lower in dynamic 
tests, but still within a margin of error of the quasi-static shear band in the same ufgW-
5Re alloy. Micro-fractures were observed inside of several bands, and a large axial crack 
appears to have initiated at the center of the specimen based on the intersection of shear 
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bands. Although the amount of shear strain was approximately the same as ufgW-5Re 
samples tested under quasi-static conditions.  
 
Figure 46 – Shear bands formed during high strain-rate compression in a nW-5Re alloy.  
 
High-speed imaging was also conducted during dynamic testing of an ufgW-10Re 
sample. Figure 47 shows shear band initiation at early levels of plastic deformation. The 
results of this test are presented to show the early onset of shear banding, which coincides 
with the plastic portion of the stress strain curve, even at high strain rates.  
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Figure 47 - High speed imaging (~100,000 FPS) of shear band formation in an ufgW-10Re 
alloy. Strain localization is barely visible in a), and a shear band is fully formed by b). An 
enhanced, higher magnification image of b) is shown in e).  
 
Alloys with a high rhenium (nW-25Re) content also showed evidence of shear banding; 
however, the global deformation behavior remained stable. A single sample was loaded 
three separate times without signs of catastrophic failure as shown in Figure 48. The 
addition of large amounts of rhenium results in significant improvements to the ductility, 
and exemplifies the fact that shear banding is not mutually exclusive  
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Figure 48 – Tungsten alloyed with large amounts of rhenium show considerable strain without 
failure in dynamic testing. An initial load drop is clearly visible during the initial stages of 
deformation, likely coinciding with shear band formation. The stress values level out with 
additional straining and each of the specimens remained intact after testing. 
4.3. Post-mortem characterization  
Many of the details of shear band formation and propagation are left in the 
microstructure, long after the deformation processes have ceased to be active. While there 
is a wealth of information that can be gathered from in-situ measurements (i.e. during 
shear band formation) the resolution of ex-situ, post-mortem analysis provides a level of 
detail that is inaccessible during shear band formation. This post-mortem analysis is 
crucial to understanding the physical processes that lead to instabilities, particularly if a 
shear band can be captured before the sample is completely pulverized.  
4.3.1. Electron backscatter diffraction (EBSD) 
The microstructure and dislocation structure of post-mortem samples were characterized 
extensively by EBSD. These orientation maps show a stark contrast in the microstructure 
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inside and outside of a shear banded region. Inside of a shear band, there is a heavy BCC 
shearing texture and a slightly elongated grain morphology, which has also been reported 
in other studies [163, 177]. Inside of a shear band grains show much larger spreads in 
orientation however, the amount of lattice misorientation between grains is non-uniform. 
Each of these features describes specific characteristics that can be attributed to 
deformation based on traditional dislocation mediated plasticity.  
The Unalloyed ufgW samples eventually failed by brittle fracture along the length of a 
shear band, though there was a considerable amount of plastic deformation by way of 
shear banding prior to catastrophic failure. The structure of these shear bands was 
investigated by an interrupted compression test similar to that described in Figure 36. The 
images of the deformed sample used for EBSD analysis are shown in Figure 49. 
 
Figure 49 – Microscopic images of a shear band and crack resulting from an interrupted 
compression test. The width of the shear band was measured to be approximately 25 µm, but 
strain could not be measured accurately as a result of the limited number of scratches, and the 
fracture.  
 
This particular compression test was interrupted while deformation by shear banding was 
transitioning to fracture, but before the material had experienced catastrophic failure. An 
orientation map of the microstructure across the crack, and the orientation distribution of 
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this region (represented in terms of pole figures) are shown in Figure 50. An inverse pole 
figure with overlaid image quality (IPF+IQ) was used to represent the spatial distribution 
of orientations and pattern quality measured by EBSD. Each individual orientation was 
plotted on as discrete values, and the orientation of specific planes were represented 




Figure 50 – IPF+IQ map is shown in a) to represent orientation and microstructure of grains 
across a shear band and crack in a sintered, ufg tungsten sample (Unalloyed ufgW). The frame 
of reference and corresponding inverse pole figure color legend. The corresponding discrete 
pole figures, b), show the shearing texture that develops during shear band formation.  
 
The shear band can be further distinguished from the bulk sample based on the 
orientation spread that is observed within each individual grain. Although, this technique 
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is sensitive to the individual grain size [81], it provides an effective distinction between 
the deformed and undeformed regions of the sample. A grain orientation spread (GOS) 
map, shown in Figure 51. shows that the crack formed at one edge of the shear band and 
the region on the other side of the crack shows little evidence of deformation. 
 
Figure 51 – GOS map of the same region shown in Figure 50. 
.  
The undeformed region, below the crack, shows a much lower spread in the orientation of 
individual grains. However, it is also clear that the GOS is not completely uniform within 
the shear band, with some grains showing significantly larger spreads.  
Similar results, aside from fracture, are observed for the microstructure and deformation 
behavior of an ufgW-5Re alloy. Images of a sample deformed by an interrupted 
compression test are shown in Figure 52. The macroscopic view, Figure 52 a), shows two 
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shear bands intersecting in the center of the sample, and several bands that formed out of 
plane in the bottom portion of the image. The sample had distinct scratches running 
through the major shear band, and the characteristics of the band were measured in 
Figure 52 b). 
 
Figure 52 – Confocal microscope images of the surface of a deformed ufgW-5Re alloy 
deformed in an interrupted quasi-static compression test. The macroscopic image shows two 
dominant shear bands intersecting at the center of the sample with several out-of-plane shear 
bands visible in the top region of a). The shear strain ( �� = . �) and width of the shear band 
( �� = �) can be measured directly from b). 
 
The ufgW-5Re samples show heavy texturing and a sharp distinction between deformed 
and undeformed regions of the sample. An IPF+IQ map of the shear band region and the 
corresponding discrete pole figures corresponding to the entire image area are shown in 
Figure 53 . 
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Figure 53 – IPF+IQ map of shear band in ufgW-5Re alloy, and b) corresponding discrete pole 
figure, highlighting texture development inside of the band. The texture appears less severe as 
a result of the randomly oriented, undeformed region around the shear band.  
 
Similar to unalloyed tungsten, deformation appears to be heavily constrained within the 
shear band; however, the magnitude of the grain orientation spread is smaller within the 
shear band of the ufgW-5Re alloy. The grain orientation spread across the shear banded 
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region is shown in Figure 54. The thickness of the shear band, measured based on having 
a GOS>0.5°, was approximately 9.5µm. This value corresponds exactly to the direct 
measurement from optical microscopy shown in Figure 52. 
 
Figure 54 – GOS map, highlighting the boundary of deformation, in a ufgW-5Re sample. 
 
This particular sample shows a secondary shear band that appears to have been 
intersected by the primary shear band during testing, which impeded further propagation. 
The obstructed band, shown in Figure 55, can provide an approximation of the shear band 
thickness during formation. After electropolishing, this region of the shear band was not 
visible by conventional SEM imaging; however, an EBSD measurement, based on the 
GOS>0.5, showed the shear band to be approximately 1.46 µm. The shear band thickness 
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relative to the grain size was approximately 6:1, almost an order of magnitude finer than 
the relative shear band thickness of 50:1, reported by Jia et al. in ufg and nanocrystalline 
Fe [165].  
 
Figure 55 – Thickness measurement near the tip of an interrupted shear band in a ufgW-5Re 
sample. Areas near the tip of the shear band (top right) were measured by EBSD based on the 
difference in GOS inside the band. 
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4.3.1.1. Texture development inside of shear bands 
The EBSD characterization of sintered ufg tungsten (Figure 50-Figure 54) shows many 
similarities between the microstructure inside of shear bands in both the unalloyed and 
alloyed state. One of the most striking features is the texture that develops inside of the 
band, however this texture is not unique to ufg metals. The observed texture is exactly 
what is predicted and observed as a result of shear deformation in other BCC metals 
[265-267]. Figure 56 a) shows the ideal orientations that are that are expected for 
deforming BCC metals plotted on a (110) pole figure. Specific “fibres” have been 
experimentally measured, or modeled based on dislocation mediated plasticity [267]. The 
deformation fibres, shown as lines in this pole figure correspond to the fact that slip is 
restricted to {110} type planes and <111> type directions. The specific fibres correspond 
to orientations where {110} planes in the direction <uvw>, and planes of {hkl} point in 
the <111> direction.  
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Figure 56 – Shearing textures depicted in {011} type pole figures that result from shear 
deformation of BCC metals, a) ideal textures observed in torsion experiments for BCC metals. 
Experimental pole figures for interstitial free steel strained by torsion to a von Mises equivalent 
strain of 0.5 and 0.95, shown in b), and c) respectively. Used with permission from [265]  
 
The textures observed within shear bands are indistinguishable from the experimental 
pole figures of [265], especially when accounting for the misorientation ( � ) that results 
from dislocation mediated plasticity corresponding to simple shear as opposed to pure 
shear [268]. Rotating the coordinate system of the EBSD dataset shown in Figure 53 by -
45 degrees about the A3 axis (out of page) will put the shear band into the same frame of 
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reference for the deformations imposed in Figure 56. The shearing texture for the W-5Re 
alloy, shown in Figure 57, is the expected texture for BCC metals deformed by shear. 
 
 
Figure 57 – Pole figures depicting the texture observed inside of the shear band of a ufgW-5Re 
alloy. The discrete pole figure measured in Figure 53 is rotated 45° counter-clockwise about 
the A3 axis to coincide with the shearing axis (A2’) as shown in part a). The continuous pole 
figure, b), calculated by fitting a harmonic series expansion (Rank = 15, with 5° full width at 
half of maximum Gaussian smoothing), Pole figure is plotted in multiples of random 
distribution (MRD) and shows identical features to the experimental pole figures for sheared 
BCC iron.  
 
This raises the question of whether the observed textures actually contribute to softening 
based on the geometric shear banding mechanism. Although the Schmid factor is 
commonly used to represent hard and soft orientations in a single crystal material. A 
more suitable model to determine the orientation dependence of strength in a polycrystal 
is based on an imposed strain according to the Taylor model. A brief derivation of the 
Taylor model, as applied to EBSD [254], is described in order to understand the 
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assumptions and limitations of this method. The deformation of a polycrystalline sample 
generally requires more than one slip system (at least five) to operate within a given grain 
in order to satisfy the constraints imposed by neighboring grains. For cubic systems, there 
are many more slip systems than the five required to satisfy an imposed strain and the 
problem is underdefined. Taylor’s analysis [269] uses the concept of minimum work to 
identify these required slip systems according to Equation (44) 
 =∑ � =∑∑�==  (44) 
where represents the virtual work that is to be minimized,  is the infinitesimal 
shear strain associated with dislocation slip for system , and �  is the critical resolved 
shear stress. If the critical resolved shear stress is considered to be independent of the slip 
system ( � = � ), and the stresses and strains can be written in terms of the principal 
components of the strain. Equation (45) may be rewritten as,  
  = � ∑ = |̃ | � +  � − + �  (45) 
where | ̃ | is the absolute value of principal component of the strain (it is necessary for all 
strains to be considered positive in order to describe the total work in the system),  
Finally, the Taylor factor may be described based on the sum of all slips required to 
accommodate a specific deformation. Alternatively, this may be written in terms of the 
virtual work described in Equation (45). 
 =∑|̃ |  = | ̃ |� = |� +  � − + � |�  (46) 
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The Taylor factor is affected by the orientation of the crystal and the imposed strain 
tensor. A higher value of the Taylor factor in one particular orientation shows that the 
material requires more virtual work to carry out the imposed deformation (i.e. the 
material is effectively harder for the imposed strain field). In the case of plastic 
instabilities, a high Taylor factor developed by strain induced texture would make it more 
energetically favorable for additional strain to distribute throughout the crystal. In the 
simple case of compression, the Taylor factor for each orientation may be represented by 
an inverse pole figure along the loading axis of the material as described in Figure 58. 
 
 
Figure 58 – The orientation dependence of Taylor factors for a BCC metal deformed in 
compression plotted on an inverse pole figure with respect to the compression axis (A1).  
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Plotting the observed texture in this frame of reference (i.e. with respect to the 
compression axis (A1), provides insight to whether the texture developed is truly softer 
based on the predictions of the Taylor factor. An inverse pole figure showing orientation 
with respect to the compression axis is shown in Figure 59. 
 
Figure 59 – Texture observed within ufgW-5Re alloy shear bands, plotted in a [100] IPF (with 
respect to the compression axis, A1. The continuous pole figure, a), was calculated based on 
the same parameters used in Figure 57. The pole figure shows the orientation with respect to 
b), the compression axis, for c) a cropped region inside of the shear band.  
 
The texture developed inside of the band shows two dominant orientation relationships 
with respect to the compression axis, { } ∥ [ ], which results in a harder 
orientation, and { } ∥ [ ], which results in a softer orientation according to the 
calculated Taylor factor in Figure 58. The influence of hard and soft orientations 
developed inside of a shear band tend to cancel each other out and the net result, based on 
the average Taylor factor, is that there is no texture-induced softening inside of a shear 
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Figure 60 – Calculated Taylor factors for grains, a) inside, and b) outside of a shear band, 
based on c) the imposed compression strain field. 
 
The texture developed inside of shear bands can be understood based on the conventional 
textures that develop in BCC metals as a result of dislocation mediated plasticity. 
According to Taylor factor calculations, deformation leads to the development of both 
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soft and hard orientations within the shear band, with no statistically relevant effect on 
the overall strength of the band. While these results do not support the requirement of soft 
orientations according to the Joshi and Ramesh model for geometric shear banding, the 
presence of hard and soft orientations within the band could lead to strain 
incompatibilities that ultimately promote fracture after the texture has developed [270].  
4.3.1.2.  Dislocation structure inside of shear bands 
Another critical aspect to the deformation behavior and plastic stability of ufg tungsten, is 
the accumulation of dislocations, which occurs over the course of straining the material. 
It is clear from previous discussions that grains inside of the shear band show much 
larger distributions in orientation, which should account for a higher dislocation density, 
but additional analyses may help to quantify the dislocation structure within these bands 
of deformation.  
EBSD offers the unique ability to measure the dislocation density over fairly large 
regions of the sample, thereby reducing the errors associated with sampling. While there 
are several methods that are generally applied for describing the dislocation density, a 
first approximation can be made directly from the average misorientations between 
neighboring pixels within a grain according to the kernel average misorientation (KAM). 
Figure 61 shows a comparison between regions inside and outside of a shear band in the 




Figure 61 - EBSD maps highlighting the differences in grain structure, morphology and 
misorientation inside of a shear band. The undeformed region (top) shows highly equiaxed 
grains and several residual pores within the microstructure. The shear banded region (bottom) 
shows highly elongated grains with minimal porosity. KAM maps (right) highlight the 
significant difference in misorientations inside and outside of the shear band.  
 
The total dislocation density was estimated based on Equation (39) and a correction factor 
for the misorientation was applied (Equation (43)) to reduce the influence of spurious 
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dislocations ( ). A histogram showing the GND distribution based on misorientations 
is shown in Figure 62.  
 
Figure 62 – Distribution of GNDs calculated based on the misorientations (left) and corrected 
based on the signal to noise ratio of spurious dislocations (right).  
 
Although the required step size (20 nm) and estimated angular resolution (1.6*1015 m-2). 
lead to a very high value for the predicted density of spurious GNDs ( ) [243], it can be 
seen that the average density of dislocations inside of a shear band (2.7 ±1.5*1015 m-2), is 
almost 70% larger than the density spurious dislocations (1.5*1015 m-2). However, the 
density of spurious dislocations is undoubtedly obscuring the dislocation density outside 
of the shear band (1.3 ±0.5*1015 m-2), the fact that the dislocation density is lower than 
the calculated density of spurious dislocations is an indication that the angular resolution 
is probably closer to 0.4°. There is considerable overlap between the probability 
distributions; however, further analysis based on the z-test for the difference between 
means, shows that there is a statistically relevant increase in the mean dislocation density 
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inside of the shear band (mostly because of the large quantity of data that contribute to 
these distributions).  
Correcting the result for the signal to noise ratio caused by errors in angular resolution, 
Equation (43), results in dislocation densities of: 6.0 ±4.8*1015 m-2, and 1.2 ±1.0*1015 m-2 
inside and outside of the band respectively. The correction factor, based on the signal to 
noise ratio ( ), tends to increase the spread between datasets, but it also increases the 
variance within each sample population. This technique may be useful for visualizing 
data; however, it does not actually influence our ability to distinguish between dislocation 
densities inside and outside of the shear band.  
A similar estimate of the dislocation density, can be made by assessing the accessible 
components of the Nye tensor based on Equations (40) and (41). This more rigorous 
assessment can help account for the complex, 3D nature of lattice curvature and improve 
our lower-bound estimate of geometrically necessary dislocations. Five of the nine 
components of the Nye tensor may be solved based on the misorientation of elements 
measured at the 2D EBSD surface. The magnitude of these individual components 
provides a true lower bound estimate of the dislocation density based on Equation (40). 
An additional estimate of the out-of-plane curvature can further increase the lower bound 
of the dislocation density. This method is discussed in more detail for the ufgW-5Re 
sample, however the dislocation density distribution plots are shown in Figure 66 to 
provide a comparison to the KAM GND estimate.  
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Figure 63 – Distributions of GNDs calculated from the Nye tensor based on the sum of 
accessible components (left) and with a correction factor applied to account for inaccessible 
components (right).  
 
The orientation and misorientation maps for the ufgW-5Re sample show strong 
similarities to the unalloyed tungsten sample; however, the misorientations within the 
shear banded structure are less severe than observed in the Unalloyed ufgW sample. The 
uniform nature of the shear band and the known shear strain within the band provide 
additional insight to the nature of shear banding in ufg materials. Representative EBSD 
maps of regions inside and outside of the shear band are shown in Figure 64. 
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Figure 64 – IPF+IQ and KAM maps for the ufgW-5Re alloy showing deformation outside 
(top), and inside (bottom), of a shear band. 
 
Similar to the observations in the Unalloyed ufgW sample, the shear band region shows 
additional misorientations, which may be attributed to GNDs. The density distribution of 
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GNDs in the ufgW-5Re sample based on the KAM GND approximation are shown in 
Figure 65. 
 
Figure 65 – Histogram of GNDs for the ufgW-5Re alloy sample based on the KAM GND 
approximation.  
 
The dislocation density was measured to be 2.5±1.0*1015 m-2 inside of the shear band, 
and 1.5±0.6*1015 m-2 outside of the band. Again, the threshold of spurious dislocations 
masks some of the measured dislocation density below values of ~1.5*10-15 m-2, but the 
average density of dislocations within the shear band is statistically higher than outside of 
the band. Correcting for the signal to noise based on the angular resolution of EBSD 
increases the average density inside and outside of the band. The measured dislocation 
density was 4.2±3.7*1015 m-2 inside of the band, and 1.7±1.4*1015 m-2 but there is some 
concern over whether this correction has any physical meaning. The calculation of 
accessible components of the Nye tensor is shown in Figure 63. The magnitude of each 
component (plotted in terms of units of − ) varies within the sample, but  (bottom 
right) generally shows the largest magnitudes because it is calculated based on in-plane 
lattice curvatures (see Figure 26).  
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Figure 66 – Individual components of the Nye tensor, which can be used to determine the local 
density of geometrically necessary dislocations. Note: Units of  are presented in �− .  
 
The magnitude of the Nye tensor may be calculated as the scalar quantities,  and 
, which are proportional to lower bound estimates of the total dislocation density. 
These quantities are presented in Figure 67. The total dislocation density is calculated 
based on Equations (40) and (41) ( � = / ). 
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Figure 67 – Scalar magnitude of the Nye tensor, which can be used to calculate the local 
density of GNDs (units are µm-1).  
 
 The total density of GNDs were again plotted as a histogram for direct comparison to the 
values reported previously. These yield very similar results to the KAM GND for 
Unalloyed ufgW, as shown in Figure 63, despite the extra rigor involved in actually 
solving for the Nye tensor. The results of the entrywise norm shows almost the same 
values as the KAM GND determination. The GND calculated from  shows an 
increase compared to the KAM GND calculations, but the same factor could be used to 
correct KAM misorientations to account for lattice curvatures that occur out-of-plane. 
The values of the Nye tensors shown in Figure 67 were converted to dislocation densities, 
and the histogram was plotted in Figure 68. 
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Figure 68 – GNDs calculated based on the Nye tensor for the ufgW-5Re alloy. 
 
As discussed previously, the measurement of GNDs by EBSD is strongly affected by 
angular resolution and step size. The poor angular resolution of traditional EBSD means 
that we are probably not capturing the true dislocation density within the undeformed 
samples. The density of spurious dislocations can be improved by increasing the step 
size; however, the 200nm grain size of these ufg samples limits the step size that can be 
used to map lattice curvatures within a grain. Improvements to the angular resolution by 
HREBSD provides a more effective method for determining the lower-bound threshold 
of GNDs in ufg materials. Furthermore, the measurement of elastic strains using cross 
correlation techniques can also allow for an approximation of the four components of the 
Nye tensor that are inaccessible based on conventional measures of lattice curvature from 
a 2D sample.  
Although there are many technical advantages to cross correlation methods, the technique 
is not without drawbacks. The requirement for high quality patterns effectively limited 
the total area that could be scanned. In application, HREBSD for assessing GNDs in ufg 
tungsten was generally only successful on smaller (1μm x 1μm) regions of the sample. 
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Performing EBSD on larger scan areas resulted in significant errors from sample 
contamination, and drift, which led to poor quality maps, even before employing the 
cross-correlation methods. Reducing the resolution of EBSD patterns led to large errors 
during pattern correlation and often resulted in larger angular spreads than the original 
acquisition. Conventional EBSD Images of scan regions in the ufgW-5Re alloy sample 





Figure 69 – Conventional EBSD maps of a scan region used for HREBSD. These regions 
outside (top) and inside (bottom) of a shear band in a ufgW-5Re alloy are directly adjacent to 
the scans in Figure 64. 
 
The limited viewing area may impose sampling errors; however, these small regions 
(2250 pixels) contained approximately twenty grains that were suitable for analysis. 
These regions show similar features to the shear bands analyzed previously; grains are 
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elongation and show higher degrees of misorientation inside of the shear band. High 
angular resolution mapping of the undeformed sample showed several regions where the 
dislocation density approached the values reported for spurious dislocations at an angular 
resolution of 0.5°. However, there were several regions with dislocation densities that 
were beyond the lower limit of conventional EBSD. Maps of the total, edge and screw 




Figure 70 – GND maps of total, edge and screw dislocation densities calculated using cross 
correlation based HREBSD in an undeformed region of a ufgW-5Re sample.  
 
Similar maps were acquired within the shear banded region as shown in Figure 71. The 
dislocation density was approximately an order of magnitude higher within the shear 




Figure 71 – GND maps of total, edge and screw dislocation densities calculated using cross 
correlation HREBSD methods. Maps were taken inside of a shear band region that 
experienced a shear strain of ≈ 0.4. 
 
Regions inside of the shear band show a much higher dislocation density in general and 
there are some grains that show evidence of sub-grain boundary formation and possibly 
pile-up at grain boundaries. The regions next to grain boundaries are also high in 
dislocation content for the undeformed sample and this could be an artifact of the 
measurement technique. There did not appear to be any special insight provided by the 
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quantities of edge or screw dislocations. The dislocation character is generally important 
for understanding the state of dislocation mobility; however, HREBSD ascribes 
dislocation character based on an energy minimization scheme, which does not account 
for the physical processes that would lead to a predominance of one dislocation in the 
microstructure. The main goal of the HREBSD method was to help minimize the noise 
caused by poor angular resolution in order to describe the dislocation structure inside of 
shear bands more accurately. The calculated dislocation densities inside and outside of 




Figure 72 – Probability distribution plots showing the density of geometrically necessary 
dislocations inside and outside of a shear banded region as calculated from HREBSD.  
 
These results should be taken with a grain of salt, as the method is still under 
development, and the conditions for measuring dislocation densities in ufg tungsten are 
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far from ideal for capturing the high-quality patterns that are critical to the accuracy of 
HREBSD. 
The field of continuum dislocation density measurements by EBSD is fairly new and 
rapidly expanding with regard to our resolved dislocation density distributions. Although 
the mathematical backbone for these methods were developed by almost seventy years 
ago [190, 234], recent advancements in that improve the spatial and angular resolution of 
orientation mapping are allowing these techniques to find practical applications in 
materials science.  
The application of these methods for determining the density of geometrically necessary 
dislocations in ufg metals has proven moderately successful. The limitations imposed by 
step size and angular resolution create a significant challenge in describing the density of 
dislocations beyond a critical threshold. Although there is some question as to whether 
these methods are accurate enough to measure low dislocation densities in undeformed 
ufg metals, the deformed microstructure inside of shear band appears to be well suited for 
these techniques in general. Since these methods are still developing in terms of accuracy 
and reproducibility, it is important to provide some verification of dislocation density 
measurements using alternative methods. 
4.3.2. Transmission electron microscopy (TEM) 
The most widely accepted method for accurately evaluating the density of dislocations in 
a material is TEM. Although there are many challenges with regard to sampling 
statistically relevant volumes and introducing defects during specimen preparation, TEM 
is generally accepted as the gold-standard for measuring dislocation density because of 
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the accuracy and resolution in comparison to other techniques (e.g. x-ray diffraction, etch 
pitting, etc.) In order to validate the relatively new and novel methods of assessing 
geometrically necessary dislocations through EBSD, TEM was performed on several ufg 
samples to quantify the density of dislocations in as-sintered samples, and within the 
shear bands of mechanically tested specimens.  
The structure of undeformed samples was analyzed by TEM using a FIB lift-out 
technique. The ufg tungsten samples prepared for this study were all sintered at a 
temperature of 1400° C, and deformation post-processing was not performed. Based on 
these processing parameters, dislocations were not expected in any significant quantity in 
the microstructure. However, STEM imaging showed that approximately half of the 
sintered grains had dislocations within their microstructure after sintering. An image of 
the TEM foil, and dislocations within a single grain are shown in Figure 73. 
 
Figure 73 – HAADF TEM images of an Unalloyed ufg W sample after sintering. The lower 
magnification image (left) shows a number of grains that contain dislocations after sintering. 
A higher magnification image (right) shows that the dislocations are generally long and 
straight, though several kinks are observed within the grains.  
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Although HAADF imaging of dislocations is supposed to provide a more uniform 
estimate of dislocation content based on the limitations imposed for the ⃑ ∙ ⃑  invisibility 
criteria [257], there were still effective limitations to acquiring large statistics on 
dislocation content based on contrast. A representative set of five grains were analyzed 
for dislocation content, details of the dislocation traces used for dislocation and the foil 
estimate for a single grain are shown in Figure 74. 
 
Figure 74 – Dislocation content of a single grain analyzed by TEM using HAADF dark field 
mode.  
 
The density of dislocations was approximated based on a maximum sample thickness of 
40 nm based on previous analysis using the log-ratio method [271] in electron energy loss 
spectroscopy. The actual thickness of the sample was likely thinner based on the limited 
electron transparency of tungsten at 200 kV, however, this provides a conservative 
estimate of the dislocation density measurements. 
Several shear banded samples were also analyzed by TEM in order to provide an estimate 
of the dislocation density inside of shear bands, and within the undeformed regions of the 
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materials. An image describing the shear band characteristics, and the perforation site of 
a ufgW-5Re sample tested at quasi-static rates is shown in Figure 75.  
 
Figure 75 – Image of mechanical test specimen used for TEM analysis (left) and perforation 
site (inset). Strain characteristics inside of shear band (right). 
 
During electropolishing, the sample perforated at a particular shear band where the strain 
had been well-characterized after mechanical testing; this particular shear band showed 
an engineering shear strain of = . 9. The perforation site showed similar 
microstructural features what was previously observed by EBSD. In particular, the 
microstructure was heavily elongated in the direction of the shear band, and the sample 




Figure 77 – STEM HAADF images showing a) the elongated grain structure and b) dense 
dislocation structure inside of a shear band. The dislocation direction varies over the length of 
the dislocation, indicative of mixed edge and screw character. The dislocation density as a 
function of film thickness is shown in c) for traced dislocation line lengths d).  
 
This particular grain shows a dislocation density of approximately 7.7*1014 m-2, though it 
should be noted that the limited sampling leads to poor statistics over the entirety of the 
shear band. This feature elucidates the need for alternative methods, such as EBSD, to 
accurately describe the density of dislocations over much larger regions in the material. 
The density of dislocations is slightly lower than what was calculated by EBSD methods, 
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but it fits within a rough order of magnitude in comparison to all of the average 
dislocation densities measured. 
4.3.3. Nanoindentation 
A simple and effective method understanding the strain hardening ability inside of a 
shear band is to test the local properties by nanoindentation after the shear band has 
formed. Even though shear bands are fairly narrow in ufg metals, the required resolution 
for positioning the tip and measuring mechanical properties inside of a shear band are 
well within the capabilities of these instrumented indentation techniques. Figure 78 
shows SEM images of several indents that were measured inside and outside of a shear 
band. A minimum of nine indents were tested in each region of the sample, and two 
different ufgW-5Re compression tested samples were evaluated.  
 
Figure 78 – Nanoindentation tests performed on the ufgW-5Re sample characterized 
extensively by EBSD.  
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The indentations outside of the band show rounded edges and pile-ups at the edge of the 
indent, which have been previously associated with plastic instability bulk metallic 
glasses [274, 275], nanograined iron [276] and ufg tungsten [53]. However, the indents 
that are inside the shear band show straight edges without any evidence of a pile-up. The 
hardness values outside of the shear band are considerably higher over the entire depth of 
the indent. Figure 79 shows the measured values of hardness for inside and outside of the 
shear band.  
 
Figure 79 – Representative indents showing the hardness inside (top left) and outside (top 
right). The undeformed material is considerably stronger over the entire range of the indent. 
The average hardness, taken at depths greater than 1000nm are also shown (bottom).  
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The difference in hardness inside and outside of the shear band is highly significant 
(Δ = − . ± . 7 , and when converted to a yield strength (��  value to the 
hardness ( ) according to the Tabor formula, �� = / , the estimated decrease in yield 
strength is 7 ±  . Although there is a significant amount of error in the 
estimate (and systematic errors in the conversion [277]). 
The indentation size effect is apparent at very large depths in tungsten [278], beyond the 
conventional limits of nanoindentation; however, the size effect may be readily accounted 
for based on the Nix-Gao equation (Equation (47)) shows that the hardness is a function 
of indentation depth, based on the concept of geometrically necessary dislocations.  
 = √ + ℎ∗ℎ  (47) 
The hardness-depth measurements for each indent were modeled according to Equation 
(47) and the results are shown in Figure 80. 
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Figure 80 – Overlaid nanoindentation curves of a single ufgW-5Re sample. Each individual 
hardness curve from nanoindentation inside (top left) and outside (top right) were fitted to the 
Nix-Gao model.  
 
Although the hardness inside of the shear band is considerably lower than outside, it is 
observed that these values would converge if the indentation depth is extrapolated beyond 
the range of the nanoindenter. It appears that the hardness differential at shallow indent 
depths can be attributed to the difference in ℎ∗, which is a function of the statistically 
stored dislocations, and not necessarily the geometrically necessary dislocations that 
dominate behavior at very shallow indent depths. The dislocation structure, beneath the 
indenter tip has a strong influence on the measured properties inside and outside of a 
shear band. In a very general sense, this structure can be described according to general 
descriptions of strain gradient plasticity, which may help to highlight the unusual 
behavior observed during nanoindentation.  
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The softer values inside of the indent can directly account for the plastic instabilities 
associated with ufg tungsten, without relying on the effects of texture or adiabatic 
heating. It is important to note that this direct evidence of softening was unexpected, 
based on the significantly higher dislocation densities that were measured inside of shear 
bands. The hardness and strength of a material are supposed to scale with the square root 
of dislocation density according to the Taylor hardening equation. This behavior provides 
the foundation for the strengthening of metals by deformation processing. This 
observation of softening with increasing dislocation density is unusual; however, these 
trends have been observed in a number of materials that demonstrate plastic instabilities, 
and these observations have helped to provide insight to the physical mechanisms of 
shear banding in ufg tungsten.  
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CHAPTER 5. DISCUSSION 
The results from the previous chapter, namely the observations of shear band during 
compression testing and detailed characterization of the structure and mechanical 
properties inside of a shear band provide a detailed picture of what leads to shear band 
formation in ufg tungsten. These results do not support previously proposed models of 
adiabatic shear banding, or geometric shear banding. Orientation mapping points to the 
role of dislocation accumulation in describing shear banding behavior. In ufg metals, the 
concept of geometrically necessary dislocations has strong implications for saturating 
strain hardening behavior. In sintered, or annealed metals, the concept of mobile 
dislocations can play a role in the strain softening of materials. In sintered, or annealed 
ufg metals, this influence of dislocation mobility is magnified the concept of 
geometrically necessary dislocations and strain gradient plasticity.  
5.1.1. Temperature of shear bands 
The ufg materials tested and characterized in this study are inherently susceptible to 
strain localization and shear banding, even at quasi-static rates. Even though it is 
absolutely clear that temperature does not play a role in the initiation of plastic 
instabilities for these materials, it is helpful to quantify the potential influence of 
temperature as shear bands develop. Furthermore, a thorough understanding of 
deformation of the adiabatic temperature rise associated with deformation is critical for 
ballistic applications.  
Under adiabatic conditions, since no heat is transferred out of the system, all of the heat 
of deformation leads to a temperature rise in the material. The specific heat generated 
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during shear band formation,  [ ], can be estimated based on the virtual work 
performed during deformation.  
 = ∫ � ≈ �  (48) 
where the shear stress (�), is taken to be half of the yield stress. ( ) is the Taylor-Quinney 
coefficient, which describes the fraction of mechanical energy converted to heat. This 
coupling term is sensitive to the material, microstructure and strain rate among other 
factors [279]; however, it is common to prescribe a value of 0.9, which can provide an 
upper bound approximation [280] for the transfer of plastic energy to heat.  
The temperature rise under adiabatic conditions (Δ ), can be approximated as  
 Δ =  (49) 
where  is the density and is the specific heat capacity. This temperature rise is highly 
sensitive to the strength of the material, and the strain experienced during deformation. 




Figure 81 – Adiabatic temperature rise inside of shear band calculated from observations of 
strain in shear banding ufgW specimens. 
 
From the observed shear strain of 0.4, and the yield strength of 3250 MPa, the estimated 
temperature rise inside of the shear band is only estimated to be 200°C under perfectly 
adiabatic conditions.  
Estimating the actual temperature rise at the center of a shear band requires accounting 
for thermal conduction, which reduces the temperature rise associated with plastic 
deformation. Based on the planar geometry of the shear band, the system can be 
approximated as a 2D heat source so that the heat transfer problem can be approximated 
in a form that has been applied to shear bands in bulk metallic glasses [121, 281]. The 
heat generated inside of the band is modelled as a planar heat source and the temperature 
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is estimated based heat transfer in a single dimension. The temperature rise at the center 
of the band can be estimated based on the time required for the deformation to occur.  
 Δ = √ √  (50) 
where  [ ] is the areal density of heat generated inside of the shear band (i.e. =
). The temperature rise associated with shear banding during quasi-static and 
dynamic mechanical testing is shown in Figure 82. The time in Equation (50), is 
approximated as the total time for the shear band to traverse the sample. In dynamic tests, 
the shear bands appear fully formed between frames of high speed imaging (Δ < ). 
During quasi-static tests, the shear bands travel through the sample within five to twenty 
seconds; however, the actual velocity of the band depends on several external conditions 
(load frame stiffness, formation of multiple bands, etc.) 
 
Figure 82 – Calculated temperature rise in a shear band, accounting for heat conduction away 
from the band.  
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This heat transfer model provides an effective approximation of the temperature rise as 
the adiabatic condition is approached. However, this model is not able to capture the 
actual adiabatic temperature because all of the deformation (and the heat source) is 
confined by the 2D approximation of the band. However, the approximation appears 
valid for the low to moderate strain rates imposed by quasi-static deformation, and the 
temperature rise approaches the adiabatic condition at high strain rates. Based on this 
analysis, it can be seen that the temperature rise inside of the band is less than 1K under 
quasi-static conditions. The strain rate where the adiabatic condition is observed is 
sensitive to the heat generated inside of the band. With a band thickness of ~50µm, and a 
testing time of ~50µs, it is clear that the shear bands observed under dynamic test 
conditions met the condition of adiabaticity. 
5.1.1. Flow softening behavior of tungsten 
The flow softening behavior must be taken into account when describing the 
susceptibility of a material to adiabatic shear banding. In coarse grained tungsten, the 
softening influence of temperature is very strong [282, 283] based on the thermally 
activated mechanisms controlling dislocation motion [273, 284]. The thermal softening 
behavior of tungsten single crystals as a function of temperature was measured by 
Brunner [285] as shown in Figure 83. 
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Figure 83 – Measured flow stress of single crystal tungsten over a temperature range of 77-
800K. With permission from Brunner [285]. Curve fitting was performed using Web Plot 
Digitizer [286]  
 
The thermal softening behavior is highly linear over the range of temperatures predicted 
for shear banding in tungsten. It can be seen that under perfectly adiabatic conditions, the 
flow stress is reduced by approximately 150MPa. This calculation can be used to provide 
a more direct comparison between the influence of adiabatic effects and the strain 
softening phenomenon observed by nanoindentation. The physical reduction in the 
strength associated with the observed strain softening in sintered ufg tungsten is 
approximately three times greater than thermal softening effects for the same amount of 
strain under perfectly adiabatic conditions. This estimate is highly conservative, as the 
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thermal softening effect will be reduced at very fine grain sizes where there is less of a 
dependence on screw mobility for describing the deformation behavior of BCC metals in 
general [287, 288].  
Adiabatic shear banding mechanisms must be accounted for when materials are used, or 
tested in high strain rate environments; however, this does not mean that these are the 
only mechanisms in play. The microstructure and dislocation structure are also critical 
descriptors of the strain hardening ability in metals; these factors will have an influence 
on plastic instability, even if the material is tested under adiabatic conditions. In the most 
technical sense, any shear band that forms under conditions where heat transfer is 
effectively stymied can be considered an adiabatic shear band. This description is 
technically accurate, but not particularly useful, for describing and controlling the root 
causes of plastic instabilities in ufg metals.  
5.2. Geometric shear banding 
The strain softening behavior observed in sintered ufg tungsten cannot be explained 
based on geometric mechanisms. Texture does develop when shear bands form, but these 
textures are an artifact, not a cause of the highly localized deformation. The texture is not 
unique; it is the same texture that is generally observed in BCC metals that are subjected 
to shearing deformations. Finally, this texture does not show signs of being softer than 
the material surrounding the shear band. Although, there are some interesting 
implications for fracture, based on the hard and soft orientations developed inside of a 
shear band. 
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The specific geometric shear banding model developed by Joshi and Ramesh [72] does 
not help to describe the shear banding behavior in sintered ufg tungsten. At first glance, 
this model does describe the several trends related to grain size induced susceptibility to 
shear banding. In particular, it helps to describe general differences in stability that have 
been observed for different crystal structures (i.e. FCC vs. BCC). However, the basic 
rotational accommodation mechanism has not been proven experimentally, and is 
inconsistent with the results presented in Section 4.3.1.1. In particular, there is no 
physical reason for a material to preferentially accumulate soft orientations without any 
consideration of crystal structure.  
The formation of texture is driven by the fundamental processes of deformation. For 
dislocation mediated plasticity, the texture that develops is a natural result of the 
asymmetric nature of dislocation activity [268]. The rules of dislocation motion are 
dependent on the crystal structure, and a key finding of this research is that the textures 
observed inside of a shear band in ufg tungsten are the same as those observed in other 
BCC metals subjected to shearing. Furthermore, as a first order approximation, these 
orientations are not harder or softer than the non-textured material (Figure 60).  
Finally, according to the original description of geometric shear bands by Asaro [127], a 
certain amount of strain is required to the rotate and reorient grains before flow softening 
is observed. In ufg tungsten, a shearing texture is developed inside of shear bands, but 
this texture is only observed after the shear band has formed, and significant straining has 
occurred. For ufg metals that shear band, the shear band initiates at a very early stage, as 
shown by the negative strain hardening behavior of iron from Jia et al. [165] in Figure 84. 
The very early onset of shear banding is a critical finding in our own research as well, 
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because it does not allow for the incubation strains that are required to develop texture in 
a material.  
 
Figure 84 – Typical stress-strain curves obtained for ufg iron consolidated by PM processes 
under quasi-static (1–4 × 10-4 s-1) and high-strain rate (3–6 × 103 s-1) uniaxial compression for 
all of the grain sizes, from [165].  
 
For the stability maps for the Joshi and Ramesh model of geometric shear banding, the 
strength index, ℳ from Equation (22), depends only on the difference in shear stresses 
between hard and soft orientations (Δ�), the shear modulus ( ), and the strain rate 
sensitivity ( ). In Figure 85, a plot of the strength index and grain size for various 
tungsten materials shows that the stability map is fairly good at predicting the 




Figure 85 – Susceptibility of tungsten based on the Joshi Ramesh model for geometric shear 
banding. Samples with a green infill demonstrated shear banding(left), while red sample. Data 
are from Wei et al. [160], Maier et al. [221], and from material produced by Ren et al. 
according to [61]. The JRM model [165] shows the expected trend of tungsten based on the 
relation between grain size and strain rate sensitivity. Nanoindentation was used to measure 
the strain rate sensitivity of certain samples according to the method of Maier et al. [216]. 
 
The strain rate sensitivity of BCC metals has been shown to be a function of grain size 
according to the JRM model published by Jia et al. [165]. When this relation holds, the 
stability map (including the strength index) is only a function of grain size (shown by the 
JRM Model line). Indeed, grain size appears to be the controlling factor for describing the 
stability of tungsten. Samples with a higher strain rate sensitivity (as a result of a very 
wide grain size distribution), even though the average grain size was comparable to our 
own unalloyed ufgW, demonstrate shear banding, while samples with a lower strain rate 
sensitivity (because of rhenium additions) also show the same localization behavior. It 
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can be seen that grain size is the controlling factor for whether plastic instabilities 
develop, not the strength index.  
5.3. Limitations to strain hardening in ultrafine grained tungsten  
When grain sizes approach the lower limits of the ultrafine grain regime, there are 
significant implications for the dislocations that are required to accommodate strain in the 
lattice. The concept of strain gradient plasticity effectively accounts for the confining 
effects of grain boundaries, allowing for a prediction of the density of mobile dislocations 
for a given strain. These models provide insight into the limitations in strain hardening 
observed in ufg materials.  In particular, SGP models account for the high dislocation 
densities that are necessary to deform ufg metals.   
One of the main staples of metallurgical practice is the relation between the dislocation 
density and the strength of a material. While the derivation is largely empirical, the 
Taylor hardening model (Equation (24)), which relates the flow stress to dislocation 
density (� ∝ √ ) provides a sound explanation for the work hardening behavior of 
metals. According to the most conservative EBSD estimates, the dislocation density 
inside of the shear band is almost twice as large as the dislocation density in the 
undeformed sample, and there should be a corresponding increase in the flow stress. 
Although the Taylor model does not account for this directly, it is necessary to consider 
the number of mobile dislocations and their implications for the deformability of the 
material.  
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The density of mobile dislocations ( ) required to deform a material at a specific strain 
rate can be described according to the Orowan equation [289]. 
 ̇ = ̅ (51) 
where ̇  is the shear strain rate, and ̅ is the average velocity of the dislocations. Instead 
of relying on the strain rate to estimate the density of mobile dislocations, it is possible to 
estimate  based on the total strain, and the average distance traveled by a dislocation 
over the course of the straining experiment Equation (51) [289]. 
 = �̅ (52) 
where �̅ is the average distance traveled by each dislocation. The grain size effectively 
provides an upper bound for this slip distance. This rough calculation that does not 
account for crystal structure, slip direction, dislocation multiplication, and many other 
factors governing the accounting process for dislocations to accommodate a prescribed 
deformation. However, the confining influence of grain boundaries increases the number 
of dislocations considerably. The required number of dislocations to produce a shear 
strain of 0.4 in a material with 250 nm grain size (i.e. �̅) is approximately 5.8*1015 m-2. 
This simple model only accounts for the confinement of slip in the shearing direction. 
Using Ashby’s method of describing geometrically necessary dislocations still does not 
account for the underlying crystallographic effects (as described by Arsenlis and Parks 
[240]), but it does provide another lower bound estimate for the number of dislocations 
required to accommodate the strain inside of an ultrafine grain. Figure 86 presents the 
geometrically necessary dislocations predicted as a function of grain size and shear strain. 
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These plots, based on Equation (33) are similar to the ones previously presented in Figure 
21, and relate more directly to the topic at hand. 
 
Figure 86 – Description of geometrically necessary dislocations required to accommodate 
deformation.  
 
The required dislocation density to accommodate a shear strain of 0.4 with a grain size of 
250 nm, is estimated to be 2.5*1016 m-2. This independent derivation provides a factor 
two difference compared to the result of Equation (52). This density is much larger than 
the dislocation densities measured by EBSD or TEM, and very close to the theoretical 
limit of dislocations that can be accommodated in a lattice [290]. In fact, only the 
dislocation density estimated by HREBSD comes close to this value. This discrepancy 
can be accounted for by addressing the subtle differences between the dislocations 
associated with Ashby’s concept of GNDs and the measurement of the Nye tensor based 
on lattice curvature. 
Although Ashby [74] relies heavily on Nye’s concept [190] of a tensor property to 
describe the continuous distribution of dislocations. There is a subtle difference that 
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accounts for a difference between the measured and predicted values of dislocation 
density. Ashby’s concept of GNDs is based on the number of mobile dislocations that are 
required to accommodate deformation. In the case of the simple bending experiment 
(Figure 18), all of these dislocations are geometrically required to stay in the lattice in 
order to accommodate the prescribed strain gradient. However, in the more general sense, 
Ashby predicts the number of GNDs based on the initial and final state, this is akin to 
describing the number of mobile dislocations that are required from the modified Orowan 
equation (Equation (52)). This treatment does not stipulate that the dislocations have to 
accumulate in the lattice. By contrast, the Nye tensor, and the EBSD measurement of 
dislocations accounts for only the dislocations that contribute to lattice curvature at the 
time of measurement.  
Dislocations can annihilate, based on dislocation-dislocation interactions, or be absorbed 
into grain boundaries which would result in a gradient in misorientation angles between 
grains. An example of this is shown in Figure 87, where the misorientation between 
grains can vary by more than five degrees.  These results indicate that a significant 
fraction of the dislocations are so close to the grain boundary that they are not measured 
in the total GND calculation; alternatively, these dislocations have actually been 
incorporated into the grain boundary.   
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Figure 87 – Misorientation angle between grains outside (left) and inside (right) of a shear 
band. EBSD data is from a magnified region of the unalloyed ufgW sample described in 
Figure 61.  
 
The critical observation is that the required number of dislocations to accommodate the 
strain inside of a shear band is tremendous. Even at low strains (~1%) the required 
number of dislocations is 5.84*1014 m-2. This value is late into the stages of work 
hardening (Stage III Figure 21), and corresponds to the region where work hardening is 
exhausted [291]. The general hardening behavior, divided into stages based on the work 




Figure 88 – Stages of work hardening, strain rate and temperature have a particularly large 
impact on the hardening behavior in stage III of deformation. From Rollett and Kocks [291]. 
5.4. Effects of dislocation mobility on strain softening behavior 
So far, the general description of strain gradient plasticity provides a viable mechanism 
for the very low work hardening behavior of ufg metals in general. This trend is highly 
general for a number of materials with ultrafine grain sizes [113, 116, 155, 292] 
However, it is clear from nanoindentation results that the plastic instabilities that lead to 
shear banding are the direct result of a highly significant softening behavior. The reduced 
hardness inside of shear bands, and the associated decrease in flow stress in that region 
provide a direct mechanism for the plastic instabilities and shear banding that is observed 
in BCC metals with a sintered ufg microstructure.  
The key to this softening behavior relies on the concept of mobile dislocations in the 
lattice. When the number of dislocations required to accommodate even 1% strain is 
higher than the number of dislocations in the lattice, the predicted dislocation density 
indicates that strain hardening should be completely exhausted. Furthermore, even though 
TEM analysis of sintered ufg tungsten has been shown moderate dislocation densities, the 
material is effectively starved of the dislocations required for plastic deformation. This is 
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subtly different from the Greer-Nix model of dislocation starvation [293], which has been 
used to explain the extremely high strengths of nanopillars as the result of an extremely 
limited dislocation content. In sintered ufg tungsten, the material is only starved of 
dislocations based on the extensive number of mobile dislocations required for 
deformation.  
This is certainly the case based on Ashby GND calculations, and the degree of starvation 
becomes more severe as the grain size decreases. When the starvation condition is 
present, the material must nucleate and move new dislocations [293] instead of relying on 
the movement and multiplication of existing dislocations. Most of the reports of 
dislocation starvation have been used to account for the increased strength of single 
crystal nanopillars, and bursts of strain activity as the diameter decreases. In a 
polycrystalline material, the effects will be slightly different. Modelling studies have 
shown that these “low source density” materials are likely to exhibit an upper yield point 
phenomenon [294].  
The shear banding associated with ultrafine grain sizes, and well-annealed 
microstructures, is not restricted to ufg tungsten and iron samples. Strain localizations 
have also been reported in a number of “well-annealed” microstructures including ufg 
aluminum [295, 296], annealed HPT copper [297], and extruded and annealed aluminum-
nickel [298]. These specific cases of ufg FCC materials shear banding are not expected 
based on geometric mechanisms or the effects of grain size leading to a reduced strain 
rate sensitivity [113]. In many cases, this has also been associated with a yield point 
phenomenon (e.g. reported by Tsuji et al. in ufg 1100 series Al and interstitial free (IF) 
Fe [296]), and even attributed to the formation of Lüders-like bands.  
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The dislocation structure of ufg metals can vary significantly based on the processing 
conditions employed to make them. In retrospect, observations of shear banding at quasi-
static rates were in materials that had experienced a high temperature consolidation step 
(e.g. hot pressing [165]). By contrast, deformation processed materials showed stable 
deformation at quasi-static rates, only failing by shear banding when tested at high strain 
rates [36, 68, 169]. Furthermore, an upper yield point phenomenon was detected in 
annealed ECAE iron; however, this was attributed to impurities [169] and a more 
traditional Lüders mechanism.  
5.5. Differences from traditional Lüders band mechanisms 
The shear bands observed in sintered ufg metals show a number of strong similarities to 
Lüders bands, based on the rapid increase in mobile dislocations leading to the 
localization of plastic strains. The traditional Lüders mechanism is based on increasing 
the density of mobile dislocations by unpinning them from a “solute atmosphere,” or 
other point defects in the material. The Lüders-like shear banding mechanism, observed 
in annealed ufg metals, shows a large increase in mobile dislocations based on strain 
gradient plasticity. Grain size plays a critical role because of the number of dislocations 
that are required to deform to a given strain based on grain boundary confinement and the 
mechanism of strain gradient plasticity. The characteristic strain that is observed in a 
Lüders band depends on the rate of work hardening after yield [299]. The poor work-
hardening ability of ufg materials contributes to the extensive strain observed inside of 
the shear band; however, this cannot account for the difference in strength between the 
deformed, and undeformed microstructures. 
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This mechanism can be distinguished from more traditional Lüders bands that result from 
dislocation interactions with point defects for a variety of reasons. First, if there are point 
defects present in the sintered material, they would be also be present in sintered coarse-
grained tungsten with larger grain sizes.  However, these coarser grained materials do not 
show the same propensity for shear band formation [53]. Second, IF steels are not 
susceptible to Lüders band formation at coarse grain sizes [128], but annealed ufg 
samples localize in a manner similar to ufg tungsten [296]. Finally, if point defects were 
responsible for dislocation pinning, FCC metals (e.g. Cu and Al), which show a lower 
propensity for point defects [295-297] (and traditional Lüders band formation) would not 
localize. This Lüders-like mechanism is prevalent in materials that require at least an 
order of magnitude more dislocations than the starting microstructure has available to 
accommodate even moderate amounts of deformation (~1% strain). This mechanism 
should apply in a general sense, regardless of crystal structure or the susceptibility to 
forming point defects. 
The previously described models of shear banding, based on adiabatic, and geometric 
mechanisms, cannot account for the shear banding behavior observed in ufg tungsten 
tested under quasi-static conditions. The deformation behavior in these materials has been 
shown to be the result of dislocation mediated plasticity, and the plastic instabilities that 
develop in these materials may also be understood based on dislocation behavior. The 
concept of strain gradient plasticity has been used in a very general sense to describe the 
relationship between grain size and density of geometrically necessary dislocations, 
which distinguishes the behavior of ufg tungsten from a coarse-grained material. 
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Ultimately, shear banding can be explained by a strain softening behavior that is driven, 
not by temperature or texture, but by the mobility of dislocations in the lattice.  
  
183 
CHAPTER 6. SUMMARY, CONCLUSIONS, and FUTURE WORK 
Based on careful control of processing and microstructure, ufg tungsten has been 
developed to demonstrate shear banding under both quasi-static, and high rate loads. A 
detailed analysis of these shear bands has provided tremendous insight into the 
mechanisms that lead to plastic instabilities and shear banding in ufg metals. These 
insights provide a detailed picture of the mechanism of shear banding, which is not 
driven by the commonly attributed influence of temperature or texture. These new 
understandings provide a number of opportunities to improve the performance and 
reliability of tungsten in ballistic applications. Furthermore, these findings may also 
support efforts to stabilize deformation, and improve the ductility of tungsten in a number 
of other extreme engineering environments.  
In general, the shear bands observed in ufg tungsten have been attributed to a Lüders-like 
phenomenon based on the dislocation structure, propagation velocity, and the relative 
stability of the bands. These are different from the traditional Lüders bands described by 
Cottrell and Bilby [133], where solute atmospheres trap dislocations and a yield point 
phenomenon is observed as they break away and become mobile. However, the strain 
softening behavior and plastic instability can be attributed to similar increases in the 
density of mobile dislocations. Other localization models, specifically thermal and 
geometric softening, cannot account for the early onset of shear band formation and the 
relative softening of the band.  
Thermal effects may play a role in the morphology and persistence of the band at high 
strain rates, but the adiabatic temperature rise becomes an important factor only after the 
band has formed. Likewise, it is impossible to ignore the effects of deformation texture in 
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shear band development, but these textures are not present at the time of initiation. Also, 
the texture that develops is a traditional BCC shearing texture, which does not show signs 
of being harder or softer than the surrounding matrix. Finally, the strain rate sensitivity is 
certainly a mitigating factor in the overall plastic instability, but this does not appear to be 
the main factor controlling the formation of shear bands.  
The shear bands observed in sintered ufg tungsten show a number of similarities to 
Lüders bands, particularly the observed dependence of plastic instabilities on the mobile 
dislocation content. This correlation means that we can rely on a decades of metallurgical 
processing knowledge to control shear band initiation. From an industrial standpoint, the 
processing parameters for suppressing inhomogeneous yielding have been developed into 
a common practice. Various methods of controlled deformation processing methods 
[128] have been shown to minimize the upper yield-point phenomenon. These provide a 
number of viable mechanisms for tuning instability based on the needs for ductility at 
quasi-static strain rates without inhibiting shear band formation at ballistic rates.  
6.1. Future research 
Although the results of this study have been fairly effective in dispelling some theories 
and establishing a viable mechanism for shear band formation in sintered ufg tungsten, 
there are several aspects where additional research would shore up these results and 
improve our understandings of plastic instabilities and shear banding in ufg metals.  
The Lüders-like mechanism of shear banding is heavily dependent on the initial density 
of dislocations, their mobility, and the density of dislocations required to accommodate 
deformation. Additional TEM investigations of this dislocation density before and after 
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deformation would help to shed light on the details of dislocation mobility as it applies to 
shear band formation. Furthermore, improved detection of geometrically necessary 
dislocations by EBSD and HREBSD would be useful for describing the behavior of 
dislocations en masse, with continuum-based dislocation theories. However, this depends 
on improving the angular resolution of orientation imaging microscopy. 
The influence of point defects on yield point phenomena is well reported for traditional 
Lüders bands. Although there is clear evidence that shear banding observed in well 
annealed ufg metals is distinctly different from this traditional Lüders bands, it is possible 
to study and quantify the effects of point defects using positron annihilation [300], and 
internal friction [301] measurements. 
Additional information regarding the dislocation character would also be helpful in 
describing the deformation behavior of ufg tungsten. There is a large discrepancy in the 
mobility of edge and screw dislocations at room temperature. Research from Cheng et al. 
[287, 288] have shown that the propensity of edge and mixed dislocations in the 
deformed microstructure provide the mechanism for observations of reduced strain rate 
sensitivity and improved ductility in BCC metals in general. These new findings are 
highly illuminating, but they do not provide the description of what physical mechanism 
leads to the relative decrease in screw dislocations in the first place. TEM using weak 
beam, dark field mode, would help to measure the dislocation character explicitly, and 
establish the specific dislocation reactions to account for this dislocation structure. Also, 
novel techniques like electron channeling contrast imaging can help to establish 
dislocation orientation and character explicitly, while also providing results that are 
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comparable to EBSD in terms of the continuum, approach for assessing dislocation 
density [302].  
Additional improvements in the fidelity of strain maps, based on digital image 
correlation, would be easily attainable based on improved patterning techniques. Higher 
resolution images would clearly help to answer several basic questions about shear band 
formation: (1) What is the local strain that is required for initiation? (2) Does the shear 
band reach a characteristic strain before growing in width in a manner described in most 
Lüders band phenomena?  
The formation mechanisms could also be assessed with greater fidelity by controlling the 
strain energy release rate in a method used by Han et al. [303]. Increasing the effective 
stiffness of the load frame by using a deformable support ring could help to identify 
stability limits for inherently unstable materials. If these stability limits do not exist, the 
method would provide improved control over shear band formation and propagation. This 
could be used to improve the effective temporal resolution for observing shear banding, 
and minimize the influence of strain-rate variations on shear band formation. 
One of the most important issues to be studied is related to the shear banding that is 
observed in ufg BCC metals that are prepared by severe plastic deformation. These 
materials do show a propensity for strain localization if the grain size is fine enough, and 
the concept of dislocation starvation certainly does not apply. Bulk ufg tungsten produced 
by high pressure torsion also presents an instability, even at quasi-static strain rates. 
Figure 89 shows a post-mortem image of failure by shear banding. Even though the test 
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was sub-scale, the material is expected to exhibit bulk shear banding behavior. However, 
the detailed mechanism of this of this instability is not clear.  
 
Figure 89 – Shear banding behavior in a 5 µm diameter pillar of HPT processed tungsten 
tested by micropillar compression [163]. Courtesy of Jonathan Ligda, US Army Research Lab.  
 
Promoting shear banding and plastic instability in tungsten is a primary concern for 
making reliable and effective munitions for military applications. However, the more 
difficult problem, which affects the viability of tungsten in extreme engineering 
environments, is the limited room temperature ductility. Although, rhenium additions are 
very effective in ductilizing tungsten, these are not viable for most industrial applications. 
One important result of this research was the observation that ufg tungsten can exhibit 
extensive plasticity, albeit unstable plasticity, without directly resulting in brittle fracture. 
Furthermore, indentation tests show that initially unstable deformation (i.e. pile-ups) 
becomes more uniform as a result of deformation. However, these positive signs for 
plasticity in compression and indentation are a long way off from demonstrating 
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meaningful ductility in tension. A considerable effort should be applied to making the 
deformation behavior of ufg metals more stable. Hopefully this research has provided a 
useful antithesis for those endeavors.  
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